The future of biomaterial design will rely on temporary implant materials that degrade while tissues grow, releasing no toxic species during degradation and no residue after full regeneration of the targeted anatomic site. In this aspect, Mg and its alloys are receiving increasing attention because they allow both mechanical strength and biodegradability. Yet their use as biomedical implants is limited due to their poor corrosion resistance and the consequential mechanical integrity problems leading to corrosion assisted cracking. This review provides the reader with an overview of current biomaterials, their stringent mechanical and chemical requirements and the potential of Mg alloys to fulfil them. We provide insight into corrosion mechanisms of Mg and its alloys, the fundamentals and established models behind stress corrosion cracking and corrosion fatigue. We explain Mgs unique negative differential effect and approaches to describe it. Finally, we go into depth on corrosion improvements, reviewing literature on high purity Mg, on the effect of alloying elements and their tolerance levels, as well as research on surface treatments that allow to tune degradation kinetics. Bridging fundamentals aspects with current research activities in the field, this review intends to give a substantial overview for all interested readers; potential and current researchers and practitioners of the future not yet familiar with this promising material.
Introduction
In the last decades, concurrent with the increased lifetime in today's world population, the amount of people undergoing surgical procedures involving the implantation of medical devices is continuously growing [1] . These implants are generally used for applications that ensure a substantial improvement in patients' quality of life, such as orthopaedics, pacemakers, cardiovascular stents, defibrillators, neural prosthetics and drug delivery systems [2] [3] [4] [5] . Among these, orthopaedic surgery is the most important [4] , characterized by the highest annual growth rate. Indeed, according to Long and Rach [6] , almost 90% of the population over 40 years is affected by degenerative joint diseases. Total hip replacements are predicted to represent half of the estimated total number of operations in 2030 [7] . For this reason, the research has centred on new biocompatible materials and on improving their performances [8] [9] [10] . Especially strength and corrosion resistance in human body fluid (HBF) has been a major issue of research [11] .
Tailoring biomaterials to their specific use, many important properties must be considered. First, they must be bioinert or bioactive [12] ; the former means that the organism has a coexistence with the material without noticeable change in the organism and/or exogenous material, whereas the latter implies that there is an interaction with and/or a response from living tissue, e.g., the formation of direct biochemical bonds with the surface of the material in bioceramics. Further, they must not It is widely reported [14, 24] that bones are subjected to a stress of about 4 MPa on a daily basis and hip joints may experience a load as high as 10 times of the body weight in some cases, these implantable devices require high properties in terms of (1) and (2) . Moreover, a high percentage of elongation at fracture (3) is needed in order to prevent brittle failure leading to the predominant choice of metallic implants as bioimplant materials. The human body also experiences dynamic loads: Ramakrishna et al. [14] reported that hip joints are subjected to loads applied for 1 × 10 6 cycles per year making (4) a requirement. This kind of joints are also affected by sliding issues potentially leading to the formation of wear debris if (5) is not high enough. This again causes acute immune response resulting in inflammation and/or fibrosis [4] . Finally, implanting materials in the human body necessitates great biocompatibility implying that they do not release any toxic substances into the body (6) .
However, since the mechanical properties of metals highly differ from those of human bone, they are not always suitable for medical devices (see Table 2 ): the bigger the difference in elastic modulus, the higher the occurrence of stress-shielding, which is a phenomenological consequence of Metals 2017, 7, 252 3 of 41 stress distribution changes [25] [26] [27] [28] [29] [30] [31] [32] [33] . Bones adapt to the changed stress field according to the Wolff's law [34] , resulting in the bone either becoming more porous (internal remodelling) or thinner (external remodelling), leading to a higher risk of implant failure. Considering a hip joint, for example, upon the implantation of a respective prosthesis, the entire bone-biomaterial system can be abstracted as two springs in parallel (Figure 1 ).
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(a) (b) The load redistribution phenomenon is strictly related to the stiffness ratio according to:
where σ and E is applied stress and material stiffness, respectively. Subscripts 1 and 2 refer to implant and bone, respectively. As the load on the bone decreases with the implant, the bone will become less dense and thinner due to the insufficient stimuli for continued remodelling ( Figure 2 ). The load redistribution phenomenon is strictly related to the stiffness ratio according to:
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where σ and E is applied stress and material stiffness, respectively. Subscripts 1 and 2 refer to implant and bone, respectively. As the load on the bone decreases with the implant, the bone will become less dense and thinner due to the insufficient stimuli for continued remodelling ( Figure 2 ). Stress induced bone remodelling is widely described in literature [31, 32, 37] and several models have been proposed to explain this phenomenon. Van Rietbergen et al. [33] stated that the bone mass is regulated by the remodelling signal S, which is the strain energy (U) per unit of mass:
where ρ is the bone density. Bone remodelling as described in Equation ( 3) corresponds to the rate of net bone-mass turnover dM dt and happens when S differs from the characteristic reference value S ref describing the remodelling signal in non-operated conditions:
The theory further assumes that no remodeling takes place when S − S ref does not exceed a threshold. Huiskes et al. [38] agreed that local strain perturbation governs the remodelling process by means of an interaction with osteocytes, since they are widely reported to be transductor of mechanical signals [39] [40] [41] [42] . They suggested that increased (or decreased) strain signals the osteocyte to transmit stimuli to the bone surface, where bone is formed (or removed) until the strain normalizes. In certain biomedical applications, especially fixators such as bone plates, screws, pins and stents, biomedical devices are required to stay inside the human body only for a restricted period, i.e., as long as bones heal. Thus, materials that ideally degrade in the same manner and speed as natural bone heals [10, 47, 48] are widely required to be utilized for these temporary devices. Biodegradable materials allow circumventing cumbersome second surgeries involving the removal of the old implant. Besides complications and distress for the patient, this also increases insurance costs [49] [50] [51] [52] [53] [54] [55] . However, classic metallic materials as those above are not biodegradable and, if not removed, lead to long-term complications, as local inflammations due to the potential release of cytotoxic ions as a consequence of corrosion or wear processes [22, 23, [56] [57] [58] . It is therefore very attractive to identify materials that degrade in the same way as bone heals, dissolving entirely after complete healing. In this process, these materials must not cause any toxic, allergic, inflammatory or cancerous effects.
In recent years, researchers and clinicians have employed a variety of compositions, properties and forms in which polymers are available to best match the specifications of the materials' desired biomedical function [4, 13, 16, 20, 59] . However, they tend to be too flexible and too weak for load-bearing applications required in orthopaedic surgery. Moreover, they may also absorb liquids and swell, leach undesirable products such as monomers, fillers and antioxidants, and, furthermore, the sterilization process may affect their properties [14] .
Thus, to overcome this drawback of polymeric materials, researchers' and clinicians' attention focused on metallic biodegradable materials. Several of them have been studied but most of the scientific efforts focus on Magnesium (Mg) and its alloys. Among metallic engineering materials, Mg possesses one of the best bio-compatibilities with human physiology and the best mechanical compatibility with human bone [60] . Its low density and elastic modulus best mimic the properties of (Table 2) . Moreover, Mg is the fourth most abundant element in the human body (it is recommended that an adult receives 240-420 mg daily) and it is essential for the metabolism in many biological mechanisms (Mg is a cofactor for many enzymes [46] ). Finally, Mg 2+ ions, resulting from the degradation process (see Section 2) , are reported to aid the healing and growth of tissue. Any excess of these ions is harmlessly excreted in the urine [43] .
Despite the advantageous properties of bioactive Mg and its alloys, there are some limitations for their use in temporary implants. The major drawback is the high corrosion rate in the physiological environment that may lead to a loss of mechanical integrity before tissues have sufficient time to heal. Moreover, hydrogen as a corrosion product together with the generation of respective hydrogen pockets can influence the healing process or, if the pockets are large, they may cause death of patients through blocking of the blood stream. Finally, the simultaneous action of the corrosive human-body-fluid and the mechanical loading can cause the further complication of sudden fracture of implants due to corrosion-assisted cracking, such as stress corrosion cracking (SCC) and corrosion fatigue (CF) [61] [62] [63] .
The aim of this work is to describe the state of the art regarding corrosion behaviour assessment and the developed methods for improving the corrosion resistance of Mg. First a short summary of the degradation mechanism of magnesium in human body fluid will be provided, and then a focus on the corrosion-assisted cracking phenomena (SCC and CF). Finally, an overview of how to improve corrosion properties will be given.
Corrosion
The main drawback in the use of magnesium in orthopaedic implants is its high corrosion rate in the electrolytic physiological environment. Mg and its alloys are reactive metals and they corrode in aqueous environments according to the reactions given below [64, 65] :
The corrosion reaction can be divided into the anodic and cathodic partial reaction, (5) and (6), respectively [66] :
According to Equation (4), a film of Mg(OH) 2 forms on the surface of Mg and its alloys, preventing further corrosion in water since it is slightly soluble there.
However, if the corrosive medium contains any chlorides with concentration above 30 mmol/L [67] , the magnesium hydroxide will be converted to magnesium chloride MgCl 2 according to [43] :
Magnesium chloride is highly soluble in aqueous solution, determining the further corrosion development of Mg and its alloys in the human body, where the chloride content is about 150 mmol/L [68] [69] [70] [71] .
It is worth to note that the chemistry involved in the corrosion, i.e., magnesium chloride solubility and hydrogen evolution, highly influences the in vivo performances of magnesium devices. Starting from the solubility of MgCl 2 film, it is reported that it can affect the mechanical behaviour in two different ways. According to Ghali et al. [72] , two different corrosion modes are possible, uniform and localized. Mg alloys with slow and constant degradation rate (lower than 0.5 mm/year [65] ) are required to facilitate sufficient time to heal for the bone. Further, a uniform degradation mode is key as localized corrosion can lead to toxicity and early failure of the implant. However, uniform corrosion is not the main corrosion mode. Kirkland et al. [73] reported that 29 of 31 Mg alloys suffer of localized corrosion, i.e., pitting. The difference discriminating uniform from localized corrosion is mainly linked to the presence of second phases, precipitates or impurities on the surface of the Mg alloys, inhomogeneities generally widely present in Mg and its alloys. The most common impurities are Fe, Ni and Cu. They are most harmful in terms of corrosion resistance due to their very negative corrosion potential [65, [74] [75] [76] . They are cathodic with respect to the Mg matrix, resulting in a faster corrosion rate and determining a higher and more severe susceptibility to pitting that quickly destroys the Mg(OH) 2 protective film [60] . Once this film is removed, the surrounding corrosive fluid will have contact with the Mg matrix, causing further corrosion according to the just mentioned mechanism. If the inhomogeneities are not uniformly distributed [65] or above a tolerance limit [77] , the material will corrode in a localized manner, acting as precursor for stress corrosion cracking (SCC) and corrosion fatigue (CF). These mechanisms highly affect the corrosion resistance of Mg and its alloys, hampering their application for biomedical implants and they will be described in detail in the next section.
Hydrogen evolution due to the corrosion mechanism involved in Equation (4) influences the in vivo performances of Mg alloys in two ways [22, [78] [79] [80] [81] [82] . First, when the corrosion rate is too high, human body cannot absorb the entire amount of developed hydrogen, thus generating gas pockets and bubbles. Though Witte et al. [70] found 0.068 mL/cm 2 /day leading to no subcutaneous bubbles after 2-3 weeks on guinea pig, and even if Song [79] set 0.01 mL/cm 2 /day as tolerated value in his work, no scientific evidence has been reported that these values can be used as a threshold for acceptable hydrogen amounts in the human body. In orthopaedic applications, where blood transport mechanisms are poor, these gas pockets are harmful since they occur around the device, causing risk of implant failure, tissue separation or, in the worst case, death of the patient due to blood clotting [79] [80] [81] [82] . Second, hydrogen evolution is strictly connected to the corrosion-assisted cracking, i.e., SCC and CF, since their propagation is highly influenced by the hydrogen embrittlement (HE) phenomenon [22, 78] , which will be discussed in the next section.
Corrosion Assisted Cracking Phenomena
From the middle of the 20th century, several metallic materials have been reported susceptible to the synergistic effect of mechanical loads and corrosive medium, leading to corrosion assisted cracking phenomena, i.e., SCC and CF [61] [62] [63] . These mechanisms result from a simultaneous combination of three factors, susceptible material, corrosive environment and tensile stress. Mg and its alloys have gained interest as materials for biomedical devices due to their degradation properties upon exposure to the human body fluid, and hence researchers and clinicians have started to investigate the susceptibility of these materials to corrosion assisted cracking mechanisms. This involves the consideration of whether the mechanical property reduction results from the combination of applied stresses and corrosive environment, i.e., SCC, or simply is a consequence of the reduction of implant cross-section because of corrosion mechanisms. Choudhary and Raman [83] performed slow strain rate tensile (SSRT) tests on AZ91D alloy in modified simulated body fluid (m-SBF) at different conditions: (a) strained in air; (b) strained in m-SBF; (c) strained in air after a pre-immersion in m-SBF solution for a time as long as the time to failure of case (a); (d) continuously cathodically charged and simultaneously pulled in m-SBF. Comparing the results (Figure 3 ), they found a considerable reduction in mechanical properties of specimens stressed in m-SBF, leading to the conclusion that the synergistic effect of corrosive environment and mechanical loads, rather than the corrosive environment itself, mostly affects the corrosion resistance of Mg and its alloys.
Since orthopaedic devices are subjected to different acute loadings during their use, i.e., tension, compression, bending and torsion depending on human activities and skeletal location [78] and since these loadings are repetitive (just thinking to the daily activities of walking), SCC and CF are of great concern for the use of Mg and its alloys as material for biomedical devices. Moreover, Mg and its alloys suffer pitting in human body fluid, due to the presence of chlorides and impurities [43, 60, 67, 68, 77, 78, [84] [85] [86] [87] [88] , making these phenomena main limitations. Chemical induced pits and implants' sharp contours provide the required stress concentration for the onset of such phenomena, which are described below [60, 89] . Their most detrimental effect is implant failure at stresses considerably below the yield and design stresses [83] , i.e., at mechanical conditions otherwise considered to be safe [75] . Such sudden failure produces serious issues to the patient, such as the need of a complicated and harmful removal of the failed implant and subsequential inflammatory responses, as well as the necessity of a new device implantation.
This section provides the reader with a description of these phenomena. It should be noted that the mechanistic understanding of SCC and CF mostly derives from knowledge obtained on Mg-Al alloys. As Al is toxic to the human body, the mechanisms might not be entirely representative of biocompatible alloys, but it still provides a meaningful framework to describe the theory (see Section 5.2.1).
Stress Corrosion Cracking (SCC)
When static tensile stresses and corrosive environments act together on susceptible materials, they lead to the SCC. This mechanism is characterized by the onset and propagation of cracks, resulting in the embrittlement of ductile Mg in the corrosive medium leading to a considerable elongation reduction [60, 83] .
The onset of SCC requires a localized corrosion site, where the conditions for crack initiation are met. It is widely reported that these cracks initiate at high stress locations, such as roots of a corrosion pit or pre-existing microscopic flaws (surfaces defects) [60, 75, 78, 83, 90] . Localized corrosion sites take place after the fracture of the magnesium hydroxide protective film as a consequence of the chemical reaction with chloride ions according to Equation (8) . This proceeds locally because second phases and/or impurities of the alloy underneath affect the protective film resistance. Moreover, it is widely reported [76] that the breakdown of the protective film also follows the applied stresses. Failure can derive from stress enhancing elements such as inclusions or notches in the implant geometries Since orthopaedic devices are subjected to different acute loadings during their use, i.e., tension, compression, bending and torsion depending on human activities and skeletal location [78] and since these loadings are repetitive (just thinking to the daily activities of walking), SCC and CF are of great concern for the use of Mg and its alloys as material for biomedical devices. Moreover, Mg and its alloys suffer pitting in human body fluid, due to the presence of chlorides and impurities [43, 60, 67, 68, 77, 78, [84] [85] [86] [87] [88] , making these phenomena main limitations. Chemical induced pits and implants' sharp contours provide the required stress concentration for the onset of such phenomena, which are described below [60, 89] . Their most detrimental effect is implant failure at stresses considerably below the yield and design stresses [83] , i.e., at mechanical conditions otherwise considered to be safe [75] . Such sudden failure produces serious issues to the patient, such as the need of a complicated and harmful removal of the failed implant and subsequential inflammatory responses, as well as the necessity of a new device implantation.
The onset of SCC requires a localized corrosion site, where the conditions for crack initiation are met. It is widely reported that these cracks initiate at high stress locations, such as roots of a corrosion pit or pre-existing microscopic flaws (surfaces defects) [60, 75, 78, 83, 90] . Localized corrosion sites take place after the fracture of the magnesium hydroxide protective film as a consequence of the chemical reaction with chloride ions according to Equation (8) . This proceeds locally because second phases and/or impurities of the alloy underneath affect the protective film resistance. Moreover, it is widely reported [76] that the breakdown of the protective film also follows the applied stresses. Failure can derive from stress enhancing elements such as inclusions or notches in the implant geometries enhancing stresses from daily activities or residual ones introduced during device fabrication. Moreover, the presence of dynamic loading, i.e., CF, may lead to the formation of fatigue cracking providing a preferential site for SCC [60, 75, 91] .
Once localized corrosion takes place, the cracks propagate until failure. However, the propagation phase is not well understood and literature distinguishes between several mechanisms. In their review, Winzer et al. [75] divided them into two groups of mechanisms:
1.
Anodic dissolution mechanisms categorized in the: (a) galvanic attack by film rupture model; (b) tunnelling model; (c) preferential attack model.
2.
Mechanical fracture mechanisms or cleavage-like fracture as described in the hydrogen embrittlement model.
The development of 1a started from the observation that SCC propagation in AZ31 alloys is halted once a cathodic current is applied. Logan [92, 93] proposed an electrochemical model for the crack propagation phase under corrosive media. He theorized that once an applied strain is sufficient to produce a breakdown of the Mg(OH) 2 protective film, an electrochemical cell occurs between the anodic film-free surface and the cathodic protective layer (Figure 4 ). enhancing stresses from daily activities or residual ones introduced during device fabrication. Moreover, the presence of dynamic loading, i.e., CF, may lead to the formation of fatigue cracking providing a preferential site for SCC [60, 75, 91] . Once localized corrosion takes place, the cracks propagate until failure. However, the propagation phase is not well understood and literature distinguishes between several mechanisms. In their review, Winzer et al. [75] divided them into two groups of mechanisms:
1. Anodic dissolution mechanisms categorized in the: (a) galvanic attack by film rupture model;
(b) tunnelling model; (c) preferential attack model. 2. Mechanical fracture mechanisms or cleavage-like fracture as described in the hydrogen embrittlement model
The development of 1a started from the observation that SCC propagation in AZ31 alloys is halted once a cathodic current is applied. Logan [92, 93] proposed an electrochemical model for the crack propagation phase under corrosive media. He theorized that once an applied strain is sufficient to produce a breakdown of the Mg(OH)2 protective film, an electrochemical cell occurs between the anodic film-free surface and the cathodic protective layer (Figure 4 ). Moreover, he suggested that this electrochemical cell determines a localized corrosion that, acting as a notch, leads to a region of stress concentration. Thus the protective film does not reform, allowing a continuous crack propagation. However, some authors refuted this model for different reasons. Ebtehaj et al. [94] as well as Wearmouth et al. [95] , for example, found a discontinuous crack growth taking place by an alternating sequence of film rupture and repassivation. A continuous propagation mode is possible only when repassivation is limited. Logan proposed this electrochemical model since he observed an improvement of corrosion resistance applying a cathodic current. However, he neglected that also hydrogen embrittlement models (which will be described later in this section) require a film-free surface that can be influenced by a cathodic charge. Furthermore, he observed a crack growth rate of 10 −6 m/s and calculated a current density of 14 A/cm 2 needed to ensure such crack velocities. Pugh et al. [96] considered this value too high for a dissolution model. Thus Winzer et al. [75] considered the observations made by Logan being more closely described by another model, the preferential attack model, which will be described later.
The tunnelling model was proposed by Pickering and Swan [97] and is characterized by the formation of tubular pits due to the rupture of the surface film at emerging slip steps (Figure 5a ). At the beginning, the direction of these pits is considered to be governed by the electrochemical potential difference between the Mg matrix and the second phase that they assumed to be Mg17Al12. After the Moreover, he suggested that this electrochemical cell determines a localized corrosion that, acting as a notch, leads to a region of stress concentration. Thus the protective film does not reform, allowing a continuous crack propagation. However, some authors refuted this model for different reasons. Ebtehaj et al. [94] as well as Wearmouth et al. [95] , for example, found a discontinuous crack growth taking place by an alternating sequence of film rupture and repassivation. A continuous propagation mode is possible only when repassivation is limited. Logan proposed this electrochemical model since he observed an improvement of corrosion resistance applying a cathodic current. However, he neglected that also hydrogen embrittlement models (which will be described later in this section) require a film-free surface that can be influenced by a cathodic charge. Furthermore, he observed a crack growth rate of 10 −6 m/s and calculated a current density of 14 A/cm 2 needed to ensure such crack velocities. Pugh et al. [96] considered this value too high for a dissolution model. Thus Winzer et al. [75] considered the observations made by Logan being more closely described by another model, the preferential attack model, which will be described later.
The tunnelling model was proposed by Pickering and Swan [97] and is characterized by the formation of tubular pits due to the rupture of the surface film at emerging slip steps (Figure 5a ). At the beginning, the direction of these pits is considered to be governed by the electrochemical potential difference between the Mg matrix and the second phase that they assumed to be Mg 17 Al 12 . After the establishment of a local galvanic cell able to prevent re-passivation, crack propagation is governed by a ductile tearing of metal between narrow tunnels (Figure 5b ).
Metals 2017, 7, 252 9 of 40 establishment of a local galvanic cell able to prevent re-passivation, crack propagation is governed by a ductile tearing of metal between narrow tunnels (Figure 5b ). However, Winzer et al. [75] refuted this model observing that Pickering and Swan proposed it for a material (Mg-1Al) completely unlikely to form a second phase since the amount of aluminium is lower than its solid solubility limit (a better understanding of this concept will be provided in Section 5).
The preferential attack model has been proposed by Fairman and Bray [98] and it is commonly believed to be the main dissolution mechanism. As a consequence of alloying operation, it is widely reported [99] that second phases can precipitate on grain boundaries. Their presence enhances stresses as a consequence of different elastic properties with respect to the matrix leading to a surface film rupture. Once the anodic Mg matrix and the cathodic second phases (Mg17Al12 in Fairman and Bray's work) are in contact with the human body fluid (HBF), which acts as electrolyte, an electrochemical cell develops, leading to an accelerated dissolution ( Figure 6 ). Depending on the distribution of second phases, crack propagation is reported continuous [100] , if there are continuous grain boundary precipitates, or discontinuous [77, 78, 83, 98, 101, 102] , if second phases are non-uniformly distributed or unfavourably oriented. The discontinuous crack propagation is affected by a slower galvanic dissolution, providing enough time for the formation of the surface protective film, and hence rendering film rupture and repassivation competing processes. However, Winzer et al. [75] refuted this model observing that Pickering and Swan proposed it for a material (Mg-1Al) completely unlikely to form a second phase since the amount of aluminium is lower than its solid solubility limit (a better understanding of this concept will be provided in Section 5).
The preferential attack model has been proposed by Fairman and Bray [98] and it is commonly believed to be the main dissolution mechanism. As a consequence of alloying operation, it is widely reported [99] that second phases can precipitate on grain boundaries. Their presence enhances stresses as a consequence of different elastic properties with respect to the matrix leading to a surface film rupture. Once the anodic Mg matrix and the cathodic second phases (Mg 17 Al 12 in Fairman and Bray's work) are in contact with the human body fluid (HBF), which acts as electrolyte, an electrochemical cell develops, leading to an accelerated dissolution ( Figure 6 ). However, Winzer et al. [75] refuted this model observing that Pickering and Swan proposed it for a material (Mg-1Al) completely unlikely to form a second phase since the amount of aluminium is lower than its solid solubility limit (a better understanding of this concept will be provided in Section 5).
The preferential attack model has been proposed by Fairman and Bray [98] and it is commonly believed to be the main dissolution mechanism. As a consequence of alloying operation, it is widely reported [99] that second phases can precipitate on grain boundaries. Their presence enhances stresses as a consequence of different elastic properties with respect to the matrix leading to a surface film rupture. Once the anodic Mg matrix and the cathodic second phases (Mg17Al12 in Fairman and Bray's work) are in contact with the human body fluid (HBF), which acts as electrolyte, an electrochemical cell develops, leading to an accelerated dissolution ( Figure 6 ). Depending on the distribution of second phases, crack propagation is reported continuous [100] , if there are continuous grain boundary precipitates, or discontinuous [77, 78, 83, 98, 101, 102] , if second phases are non-uniformly distributed or unfavourably oriented. The discontinuous crack propagation is affected by a slower galvanic dissolution, providing enough time for the formation of the surface protective film, and hence rendering film rupture and repassivation competing processes. Depending on the distribution of second phases, crack propagation is reported continuous [100] , if there are continuous grain boundary precipitates, or discontinuous [77, 78, 83, 98, 101, 102] , if second phases are non-uniformly distributed or unfavourably oriented. The discontinuous crack propagation is affected by a slower galvanic dissolution, providing enough time for the formation of the surface protective film, and hence rendering film rupture and repassivation competing processes.
Concerning the other main group of propagation mechanisms, the mechanical fracture mechanisms or cleavage-like fracture, the model describing hydrogen embrittlement (HE) is reported to be the most descriptive. Several models describing cleavage fracture without HE are available [75] , but not satisfactory. Studying SCC of a single-phase Mg-7.6 wt % Al alloy, Pugh et al. [96] suggested that the propagation phase is discontinuous, alternating between crack propagation, due to the embrittlement of a thin oxide surface layer ahead of the crack tip, and crack arrest, due to the ductile region ahead of the embrittled layer. However, Fairman and Bray [98] argued against Pugh et al.'s model as they either do not detect oxide layers on the fracture surfaces or do not observe brittle fracture on Mg-Al alloys in chloride solutions. Several authors [77, 78, 83, 86, 101, 102] agreed that cleavage fracture is a consequence of hydrogen induced Mg matrix embrittlement. Presence of hydrogen is a consequence of the Mg corrosion mechanism in aqueous solutions (see Section 2); according to the cathodic partial reaction, one molecule of hydrogen gas is produced for each atom of Mg dissolved in the human body, but hydrogen is also produced at an anodic potential due to the negative difference effect (NDE, detailed in Section 4). Chakrapani and Pugh [103] suggested that H 2 is involved in brittle fracture since it can be related to the formation of brittle hydrides (MgH 2 ) or in decohesion phenomena. Some authors [104] also proposed an adsorption model in order to explain the HE mechanism, where hydrogen is adsorbed from the solution at the crack tip or transported to the cracked region by dislocation motion. However, Bursle and Pugh [105] argued against the adsorption model. They stated that, according to dislocation motion, the adsorbed hydrogen would embrittle only a few atomic layers ahead of the crack tip, which is smaller than the observed crack arrest markings of the fractography. Furthermore, they observed a 1 µm layer of MgH 2 on the fracture surface of their specimens further disproving the model. Bursle and other authors [106] stated that embrittlement occurs due to the formation of brittle hydrides ahead of the crack tip favouring crack propagation while suppressing plasticization around the crack region. Figure 7 briefly describes the mechanical fracture based/cleavage like fracture mechanism: after the formation of the brittle region ahead of the crack tip, the applied stresses determine the propagation of this crack inside the brittle area. The following ductile area prevents further crack propagation. Repassivation occurs ahead of the crack tip leading to hydrogen embrittlement.
Concerning the other main group of propagation mechanisms, the mechanical fracture mechanisms or cleavage-like fracture, the model describing hydrogen embrittlement (HE) is reported to be the most descriptive. Several models describing cleavage fracture without HE are available [75] , but not satisfactory. Studying SCC of a single-phase Mg-7.6 wt % Al alloy, Pugh et al. [96] suggested that the propagation phase is discontinuous, alternating between crack propagation, due to the embrittlement of a thin oxide surface layer ahead of the crack tip, and crack arrest, due to the ductile region ahead of the embrittled layer. However, Fairman and Bray [98] argued against Pugh et al.'s model as they either do not detect oxide layers on the fracture surfaces or do not observe brittle fracture on Mg-Al alloys in chloride solutions. Several authors [77, 78, 83, 86, 101, 102] agreed that cleavage fracture is a consequence of hydrogen induced Mg matrix embrittlement. Presence of hydrogen is a consequence of the Mg corrosion mechanism in aqueous solutions (see Section 2); according to the cathodic partial reaction, one molecule of hydrogen gas is produced for each atom of Mg dissolved in the human body, but hydrogen is also produced at an anodic potential due to the negative difference effect (NDE, detailed in Section 4). Chakrapani and Pugh [103] suggested that H2 is involved in brittle fracture since it can be related to the formation of brittle hydrides (MgH2) or in decohesion phenomena. Some authors [104] also proposed an adsorption model in order to explain the HE mechanism, where hydrogen is adsorbed from the solution at the crack tip or transported to the cracked region by dislocation motion. However, Bursle and Pugh [105] argued against the adsorption model. They stated that, according to dislocation motion, the adsorbed hydrogen would embrittle only a few atomic layers ahead of the crack tip, which is smaller than the observed crack arrest markings of the fractography. Furthermore, they observed a 1 μm layer of MgH2 on the fracture surface of their specimens further disproving the model. Bursle and other authors [106] stated that embrittlement occurs due to the formation of brittle hydrides ahead of the crack tip favouring crack propagation while suppressing plasticization around the crack region. Figure 7 briefly describes the mechanical fracture based/cleavage like fracture mechanism: after the formation of the brittle region ahead of the crack tip, the applied stresses determine the propagation of this crack inside the brittle area. The following ductile area prevents further crack propagation. Repassivation occurs ahead of the crack tip leading to hydrogen embrittlement. Finding a solid mechanism for SCC propagation phase (anodic dissolution mechanisms or cleavage-like fracture) is subject to intensive research. However, the anodic dissolution described by the preferential attack model sufficiently describes the specific inter-granular stress corrosion Finding a solid mechanism for SCC propagation phase (anodic dissolution mechanisms or cleavage-like fracture) is subject to intensive research. However, the anodic dissolution described by the preferential attack model sufficiently describes the specific inter-granular stress corrosion cracking (IGSCC). Trans-granular stress corrosion cracking (TGSCC) follows cleavage-like fracture due to HE. Thus, in order to obtain a more detailed understanding of the problem, fracture surface micrographs relate anodic dissolution and cleavage-like fracture to inter-granular (IG) and trans-granular (TG) crack growth, respectively. Since anodic dissolution requires the presence of second phases, the propagation mode is strongly influenced by microstructure. In fact, Fairman and West [107] tested single phase Mg-7Al-1Zn and observing a TG propagation mode since no Mg 17 Al 12 has been found from their microstructural observations, whereas Farman and Bray [98] reported that the Mg-Al alloys with Al content higher than 6 wt % fail in a IG mode due to the large presence of second phases. Moreover, also grain size influences the propagation phase. In fact, increasing the grain size leads to a transition to TGSCC. Priest et al. [100] reported the maximum grain size for prevailing IG to be 28 µm, regardless of the presence of second phases. Fairman and Bray [98] reported that Mg-Al-Zn and Mg-Al alloys with fine grains (at about 5 µm) fail in a IG manner; Pardue et al. [100] observed a TG crack propagation in their Mg-6Al-1Zn alloy with a coarse grain size (about 80 µm). Similarily, Pugh et al. [96] reported a TG crack propagation mode in their high purity binary magnesium alloy with 7.6 wt % Al content with grain size of 70 µm. All results have been obtained on thermally treated specimens. Without heat treatment, a combined IG and TG mechanism (anodic dissolution and cleavage-like fracture) is underlying SCC propagation [83, 101] . In Choudhary and Raman's work [83] , fractographic analyses of AZ91D alloy tested under m-SBF reveal both trans-and inter-granular cracking. Moreover, specimens were also tested in m-SBF under a continuous cathodic charge, showing an improvement in corrosion resistance compared to the ones tested without any charge ( Figure 3 ). From micrographic analyses, the authors suggested that a cathodic charge prevents the anodic dissolution mechanism, leading to TGSCC only (indicated by arrows in Figure 8 ). cracking (IGSCC). Trans-granular stress corrosion cracking (TGSCC) follows cleavage-like fracture due to HE. Thus, in order to obtain a more detailed understanding of the problem, fracture surface micrographs relate anodic dissolution and cleavage-like fracture to inter-granular (IG) and transgranular (TG) crack growth, respectively. Since anodic dissolution requires the presence of second phases, the propagation mode is strongly influenced by microstructure. In fact, Fairman and West [107] tested single phase Mg-7Al-1Zn and observing a TG propagation mode since no Mg17Al12 has been found from their microstructural observations, whereas Farman and Bray [98] reported that the Mg-Al alloys with Al content higher than 6 wt % fail in a IG mode due to the large presence of second phases. Moreover, also grain size influences the propagation phase. In fact, increasing the grain size leads to a transition to TGSCC. Priest et al. [100] reported the maximum grain size for prevailing IG to be 28 μm, regardless of the presence of second phases. Fairman and Bray [98] reported that MgAl-Zn and Mg-Al alloys with fine grains (at about 5 μm) fail in a IG manner; Pardue et al. [100] observed a TG crack propagation in their Mg-6Al-1Zn alloy with a coarse grain size (about 80 μm).
Similarily, Pugh et al. [96] reported a TG crack propagation mode in their high purity binary magnesium alloy with 7.6 wt % Al content with grain size of 70 μm. All results have been obtained on thermally treated specimens. Without heat treatment, a combined IG and TG mechanism (anodic dissolution and cleavage-like fracture) is underlying SCC propagation [83, 101] . In Choudhary and Raman's work [83] , fractographic analyses of AZ91D alloy tested under m-SBF reveal both trans-and inter-granular cracking. Moreover, specimens were also tested in m-SBF under a continuous cathodic charge, showing an improvement in corrosion resistance compared to the ones tested without any charge ( Figure 3 ). From micrographic analyses, the authors suggested that a cathodic charge prevents the anodic dissolution mechanism, leading to TGSCC only (indicated by arrows in Figure 8 ). Until now, the influence of applied stresses was not considered, it was simply mentioned that stresses derive from daily activities or are remaining as residuals after fabrication. The susceptibility of SCC to the applied stress levels was not yet detailed. It is widely known that the occurrence of SCC is linked to a stress above a certain threshold, called σSCC. Thus, in the design phase, a stress below σSCC should be targeted to avoid the onset of SCC. However, production processes can introduce flaws or defects, such as cracks inside the material negatively affecting its strength. Since these process limitations are difficult to overcome, a damage-tolerant approach has to be taken into account. It is hence important to characterize the conditions for onset and propagation of cracks on defects to predict the lifetime of a device in a corrosive medium. Since cracks propagate in a brittle manner in SCC, the linear elastic fracture mechanics approach (LEFM) is widely used in literature [75, 83, 94, 95] , providing a design tool for predicting the time to failure of an implant.
LEFM is an important, widely studied and accepted failure prediction criterion. A point criterion insufficiently describes the stress field in the presence of a singularity; a proper description requires a field based criterion. In the proximity of the crack tip, the stress intensity factor in mode I (KI) can be described according to Gross Until now, the influence of applied stresses was not considered, it was simply mentioned that stresses derive from daily activities or are remaining as residuals after fabrication. The susceptibility of SCC to the applied stress levels was not yet detailed. It is widely known that the occurrence of SCC is linked to a stress above a certain threshold, called σ SCC . Thus, in the design phase, a stress below σ SCC should be targeted to avoid the onset of SCC. However, production processes can introduce flaws or defects, such as cracks inside the material negatively affecting its strength. Since these process limitations are difficult to overcome, a damage-tolerant approach has to be taken into account. It is hence important to characterize the conditions for onset and propagation of cracks on defects to predict the lifetime of a device in a corrosive medium. Since cracks propagate in a brittle manner in SCC, the linear elastic fracture mechanics approach (LEFM) is widely used in literature [75, 83, 94, 95] , providing a design tool for predicting the time to failure of an implant.
LEFM is an important, widely studied and accepted failure prediction criterion. A point criterion insufficiently describes the stress field in the presence of a singularity; a proper description requires a field based criterion. In the proximity of the crack tip, the stress intensity factor in mode I (K I ) can be described according to Gross and Mendelson [108] :
where "a" is the length of the initial defect, "α" is a geometric parameter and "σ g " is the applied stress. One of the main underlying assumptions of LEFM is the Paris curve (see Figure 9 , red line) that describes the fatigue crack propagation rate (da/dN) as a function of the applied stress intensity factor range (∆K I ).
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where "a" is the length of the initial defect, "α" is a geometric parameter and "σg" is the applied stress. One of the main underlying assumptions of LEFM is the Paris curve (see Figure 9 , red line) that describes the fatigue crack propagation rate (da/dN) as a function of the applied stress intensity factor range (ΔKI). The Paris curve is characterized by three different regions: region I has no crack growth and stress intensity factors below ΔKIth (threshold stress intensity factor for fatigue crack growth), region III results in sudden failure with loads exceeding the fracture toughness (KIC). The region labelled II describes a linearly increasing growth rate with the stress intensity factor.
With respect to biomedical implant research and application, a Paris-like curve may also describe SCC ( Figure 9 , black line). ΔKIth becomes KISCC (threshold stress intensity factor for SCC crack growth) and the crack growth rate is now based on time. To prevent failure due to SCC, stresses below KISCC are targeted, which represents a main parameter for Mg alloy based implant design. Its calculation is inspired by fracture mechanics, testing fatigue air pre-cracked and circumferential notched specimens. Circumferential notched tensile (CNT) tests are carried out at different stress levels in corrosive environments aiming at best representing body-like environments [94] . KI is calculated at each applied load from Equation (9) and then the corresponding time to failure is extracted. Finally, experimental data are plotted in a time to failure (tf)-KI graph ( Figure 8 ). Time to failure increases exponentially decreasing the applied stress, i.e., the stress intensity factor, and the KISCC can be defined as the horizontal asymptote in the tf-KI plot ( Figure 10 ). The Paris curve is characterized by three different regions: region I has no crack growth and stress intensity factors below ∆K Ith (threshold stress intensity factor for fatigue crack growth), region III results in sudden failure with loads exceeding the fracture toughness (K IC ). The region labelled II describes a linearly increasing growth rate with the stress intensity factor.
With respect to biomedical implant research and application, a Paris-like curve may also describe SCC ( Figure 9 , black line). ∆K Ith becomes K ISCC (threshold stress intensity factor for SCC crack growth) and the crack growth rate is now based on time. To prevent failure due to SCC, stresses below K ISCC are targeted, which represents a main parameter for Mg alloy based implant design. Its calculation is inspired by fracture mechanics, testing fatigue air pre-cracked and circumferential notched specimens. Circumferential notched tensile (CNT) tests are carried out at different stress levels in corrosive environments aiming at best representing body-like environments [94] . K I is calculated at each applied load from Equation (9) and then the corresponding time to failure is extracted. Finally, experimental data are plotted in a time to failure (t f )-K I graph (Figure 8 ). Time to failure increases exponentially decreasing the applied stress, i.e., the stress intensity factor, and the K ISCC can be defined as the horizontal asymptote in the t f -K I plot ( Figure 10 ). Several works have been performed on evaluating the Mg threshold stress intensity factor for SCC crack growth in corrosive environment, as reported by Winzer in his review [75] . Since the use of Mg and its alloys in biomedical field is a relative new issue, very few consider a corrosive medium replicating human body conditions. Choudhary and Raman [83] studied the corrosion behaviour of AZ91D alloy in m-SBF and they report a KISCC value of 5.18 MPa m 1/2 . Testing specimens at different stress intensity factors, they reported no failure after 1000 h CNT testing at a KI value of 4.8 MPa m 1/2 , below the threshold limit that they propose.
However, in some circumstances the threshold value KISCC loses its meaning. For small cracks or flaws, LEFM is not applicable as it becomes underrating (for a → 0, KI → ∞, see Figure 11 ). The SCC threshold σSCC (mentioned above) determined like KISCC but on smooth specimens, replaces KISCC. The minimum crack length for LEFM can be calculated from the crack length "a*" implying KI = KISCC with an applied stress equal to σSCC:
obtaining:
At the best of the authors' knowledge, there is limited information on the upper threshold size of a * that may lead to stress corrosion cracking according to LEFM. In the field of Mg and its alloys as biomedical implant materials, it is a potential topic of interest as it provides a powerful design tool for implant compliance prediction, determining whether the implant shall be designed employing a solid mechanics approach or fracture mechanistic considerations. Several works have been performed on evaluating the Mg threshold stress intensity factor for SCC crack growth in corrosive environment, as reported by Winzer in his review [75] . Since the use of Mg and its alloys in biomedical field is a relative new issue, very few consider a corrosive medium replicating human body conditions. Choudhary and Raman [83] studied the corrosion behaviour of AZ91D alloy in m-SBF and they report a K ISCC value of 5.18 MPa m 1/2 . Testing specimens at different stress intensity factors, they reported no failure after 1000 h CNT testing at a K I value of 4.8 MPa m 1/2 , below the threshold limit that they propose.
However, in some circumstances the threshold value K ISCC loses its meaning. For small cracks or flaws, LEFM is not applicable as it becomes underrating (for a → 0, K I → ∞, see Figure 11 ). The SCC threshold σ SCC (mentioned above) determined like K ISCC but on smooth specimens, replaces K ISCC . Several works have been performed on evaluating the Mg threshold stress intensity factor for SCC crack growth in corrosive environment, as reported by Winzer in his review [75] . Since the use of Mg and its alloys in biomedical field is a relative new issue, very few consider a corrosive medium replicating human body conditions. Choudhary and Raman [83] studied the corrosion behaviour of AZ91D alloy in m-SBF and they report a KISCC value of 5.18 MPa m 1/2 . Testing specimens at different stress intensity factors, they reported no failure after 1000 h CNT testing at a KI value of 4.8 MPa m 1/2 , below the threshold limit that they propose.
At the best of the authors' knowledge, there is limited information on the upper threshold size of a * that may lead to stress corrosion cracking according to LEFM. In the field of Mg and its alloys as biomedical implant materials, it is a potential topic of interest as it provides a powerful design tool for implant compliance prediction, determining whether the implant shall be designed employing a solid mechanics approach or fracture mechanistic considerations. The minimum crack length for LEFM can be calculated from the crack length "a*" implying K I = K ISCC with an applied stress equal to σ SCC :
At the best of the authors' knowledge, there is limited information on the upper threshold size of a * that may lead to stress corrosion cracking according to LEFM. In the field of Mg and its alloys as biomedical implant materials, it is a potential topic of interest as it provides a powerful design tool for implant compliance prediction, determining whether the implant shall be designed employing a solid mechanics approach or fracture mechanistic considerations.
Taking into account σ SCC and K ISCC depending on the length of the flaws, a safe region can be defined with respect to SCC ( Figure 12 ) [75] : for stresses belonging to region I, no SCC will occur, whereas region II is affected by continuous crack growth due to stress and corrosion. The upper limit of this region is defined by K IC and by the material's fracture tensile stress for small cracks. For applied stresses above the threshold (region III), sudden failure will occur with loads exceeding material strength. Region I is desired in temporary biomedical applications as implant failure is only characterized by homogeneous corrosion, avoiding an accelerated failure due to SCC. Taking into account σSCC and KISCC depending on the length of the flaws, a safe region can be defined with respect to SCC ( Figure 12 ) [75] : for stresses belonging to region I, no SCC will occur, whereas region II is affected by continuous crack growth due to stress and corrosion. The upper limit of this region is defined by KIC and by the material's fracture tensile stress for small cracks. For applied stresses above the threshold (region III), sudden failure will occur with loads exceeding material strength. Region I is desired in temporary biomedical applications as implant failure is only characterized by homogeneous corrosion, avoiding an accelerated failure due to SCC. 
Corrosion Fatigue (CF)
Orthopaedic implants experience severe dynamic loads due to walking, running and other body movements. Taylor [109] reported a mean of 2 × 10 6 walking cycles per year. The simultaneous effect of cyclic loading and corrosive environment leads to a reduced stresses resistance. Gu et al. [91] found that the fatigue limit for Mg high strength extruded alloy WE43, i.e., fatigue strength at 10 7 cycles, is much lower for specimens tested in simulated body fluid (SBF) than for those tested in air (40 MPa vs. 110 MPa) and that the fatigue strength for die-cast AZ91D tested in air is 50 MPa at 10 7 cycles, whereas 20 MPa at 10 6 cycles for specimens tested in SBF. They defined the reduction rate of fatigue strength (RRFS) for evaluating effects of the corrosive environment. RRFS is the extension of another index proposed by Bhuiyan [110] and it is defined as:
where σ air is the fatigue strength for specimens tested in air and σ SBF is the fatigue strength in SBF at the same number of cycles. For different Mg alloys, RRFS may range from 30 to 70%, showing the significant impact of the corrosive medium on the fatigue resistance of Mg and its alloys [86, 91] . Failure due to dynamic loading in a corrosive environment is related to corrosion fatigue (CF) and relations can be drawn from SCC. Although CF is considered among the major concerns in biomedical applications causing device failure [111, 112] , it is still vastly unexplored. Current knowledge relates the reduction in fatigue strength to the nucleation of corrosion pits (as for SCC) acting as preferential sites for fatigue crack initiation. Jafari et al. [86] investigated as-cast AZ91D specimens in modified SBF under different electrochemical conditions, open circuit potential (OCP), cathodic and anodic charging condition, reporting that reducing pitting size increases fatigue strength ( Figure 13 ). 
where σ air is the fatigue strength for specimens tested in air and σ SBF is the fatigue strength in SBF at the same number of cycles. For different Mg alloys, RRFS may range from 30 to 70%, showing the significant impact of the corrosive medium on the fatigue resistance of Mg and its alloys [86, 91] . Failure due to dynamic loading in a corrosive environment is related to corrosion fatigue (CF) and relations can be drawn from SCC. Although CF is considered among the major concerns in biomedical applications causing device failure [111, 112] , it is still vastly unexplored. Current knowledge relates the reduction in fatigue strength to the nucleation of corrosion pits (as for SCC) acting as preferential sites for fatigue crack initiation. Jafari et al. [86] investigated as-cast AZ91D specimens in modified SBF under different electrochemical conditions, open circuit potential (OCP), cathodic and anodic charging condition, reporting that reducing pitting size increases fatigue strength ( Figure 13 ). The pitting of Mg and its alloys under cathodic potential is lower than under anodic potential. This lower sensitivity mainly affects fatigue behaviour at low stress amplitudes, where pit depths are not enough for fatigue crack initiation improving fatigue resistance.
As for SCC, researchers argue between anodic dissolution and hydrogen embrittlement as the main propagation mechanism for CF. Zeng et al. [113] reported that AZ61 alloys mainly suffer of HE in wet air, whereas VMD10 and IMV7-1 show a crack-tip dissolution propagation phenomenon [114] . Yet, Uematsu [102] referred to HE as primary and anodic dissolution as the secondary mechanism for CF crack propagation [86] . Figure 13 shows that specimens tested under an applied anodic potential are characterized by lower fatigue strength, due to the concurrent action of anodic dissolution and hydrogen embrittlement.
Moreover, crack growth rate can be further increased by a simultaneous SCC [60] . Vasudevan and Sadanada [115] distinguished three different combined roles of SCC and CF in crack propagation, depending on the applied stress intensity factor (Kmax) compared to KISCC (Figure 12) . Figure 14a describes what is considered as true CF behaviour since the environment plays a harmful role for all the stress intensity factor values: the corrosive environment reduces the maximum stress intensity factor value for fatigue crack propagation Kmax,th, leading to a higher crack growth rate until Kmax approaches the fracture toughness KIC, where the crack growth rate curve for corrosive environment merges with the one for the inert fluid. In the second case (Figure 14b) , there is no environmental contribution until Kmax reaches KISCC, after which superposition of SCC and CF occurs implying a stress dependant process. The last scenario (Figure 14c) is characterized by the combination of the two previously described processes.
Since corrosion assisted cracking phenomena, i.e., SCC and CF, are time-dependent, frequency of loading (that range from 1 Hz to 3 Hz, see Table 3 ) strongly affects fatigue strength. The pitting of Mg and its alloys under cathodic potential is lower than under anodic potential. This lower sensitivity mainly affects fatigue behaviour at low stress amplitudes, where pit depths are not enough for fatigue crack initiation improving fatigue resistance.
Moreover, crack growth rate can be further increased by a simultaneous SCC [60] . Vasudevan and Sadanada [115] distinguished three different combined roles of SCC and CF in crack propagation, depending on the applied stress intensity factor (K max ) compared to K ISCC (Figure 12) . Figure 14a describes what is considered as true CF behaviour since the environment plays a harmful role for all the stress intensity factor values: the corrosive environment reduces the maximum stress intensity factor value for fatigue crack propagation K max,th , leading to a higher crack growth rate until K max approaches the fracture toughness K IC , where the crack growth rate curve for corrosive environment merges with the one for the inert fluid. In the second case (Figure 14b) , there is no environmental contribution until K max reaches K ISCC , after which superposition of SCC and CF occurs implying a stress dependant process. The last scenario (Figure 14c) is characterized by the combination of the two previously described processes.
Since corrosion assisted cracking phenomena, i.e., SCC and CF, are time-dependent, frequency of loading (that range from 1 Hz to 3 Hz, see Table 3 ) strongly affects fatigue strength. Table 3 . Frequency range for orthopaedic applications. Modified from [60] .
Implants
Frequency (Hz) Activity Low frequencies increase the fatigue crack growth rate, providing enough time for corrosion and allowing localized dissolution and/or H to embrittle the matrix. Moreover, the effect of frequency depends on the applied stress, being more pronounced in the low stress regime. The fatigue crack growth rate decreases with frequency due to the crack closure effect [116] . Several studies on strain rate effects on SCC show that intermediate strain rates provide maximum susceptibility for corrosion assisted cracking [75, 87, 94, 95, 117] . At low strain rate, film integrity is preserved, avoiding hydrogen to enter and embrittle the Mg matrix. Increasing strain rate, the repassivation effect is limited, allowing the hydrogen to facilitate the crack propagation. At higher strain rates there is insufficient time for hydrogen embrittlement minimizing this synergistic influence rendering strain determined cracking dominating.
Negative Difference Effect (NDE)
The NDE is an unusual phenomenon affecting especially magnesium dissolution. From an electrochemical point of view, corrosion reactions can be either cathodic or anodic, and they are inversely related. For traditional metals (i.e., copper and steel) an increase in applied anodic/cathodic potential leads to an increase in the anodic/cathodic reaction rate, increasing/decreasing hydrogen evolution.
Looking at Figure 15 , the solid lines labelled as Ia and Ic represent the normal anodic and the cathodic partial reaction, respectively, both assumed to follow Tafel kinetics. Increasing the applied potential from Ecorr to Eappl leads to a decrease in cathodic reaction rate (from I0 to IH,e) and an increase in anodic reaction rate (from I0 to IMg,e). However, Mg and its alloys behave in a different manner, anodic polarisation increases the amount of hydrogen evolution, i.e., an increase in cathodic reaction rate according to IH curve. Increasing the applied potential from Ecorr to Eappl, the actual cathodic corrosion rate corresponds to IH,m, which is greater than the expected current IH,e. Moreover, also the Low frequencies increase the fatigue crack growth rate, providing enough time for corrosion and allowing localized dissolution and/or H to embrittle the matrix. Moreover, the effect of frequency depends on the applied stress, being more pronounced in the low stress regime. The fatigue crack growth rate decreases with frequency due to the crack closure effect [116] . Several studies on strain rate effects on SCC show that intermediate strain rates provide maximum susceptibility for corrosion assisted cracking [75, 87, 94, 95, 117] . At low strain rate, film integrity is preserved, avoiding hydrogen to enter and embrittle the Mg matrix. Increasing strain rate, the repassivation effect is limited, allowing the hydrogen to facilitate the crack propagation. At higher strain rates there is insufficient time for hydrogen embrittlement minimizing this synergistic influence rendering strain determined cracking dominating.
Looking at Figure 15 , the solid lines labelled as I a and I c represent the normal anodic and the cathodic partial reaction, respectively, both assumed to follow Tafel kinetics. Increasing the applied potential from E corr to E appl leads to a decrease in cathodic reaction rate (from I 0 to I H,e ) and an increase in anodic reaction rate (from I 0 to I Mg,e ). However, Mg and its alloys behave in a different manner, anodic polarisation increases the amount of hydrogen evolution, i.e., an increase in cathodic reaction rate according to I H curve. Increasing the applied potential from E corr to E appl , the actual cathodic corrosion rate corresponds to I H,m , which is greater than the expected current I H,e . Moreover, also the Mg corrosion rate is increased. According to the I Mg curve, anodic corrosion corresponds to I Mg,m , greater than I Mg,e . Several authors have tried to explain the NDE phenomenon, developing four different models shortly described here:
Mg corrosion
i.
Partially protective surface film ii.
Monovalent magnesium ion model iii.
Particle undermining model iv.
Magnesium hydride (MgH2) model
For a deeper insight, the readers are referred to [77] .
Partially Protective Surface Film
It is well known that a passivating film forms naturally on the surface of Mg, preventing further corrosion. This model suggests that NDE is attributed to the rupture of the protective layer when current is flowing through the interfacial electrical double layer formed between the magnesium surface and the electrolytic medium. Once the protective film is broken, divalent magnesium ions dissolve and undergo hydrolysis lowering the pH of the solution and increasing the parasitic corrosion rate. The higher the current density or potential is, the greater the removal of protective layer will be ( Figure 16 ). Several authors have tried to explain the NDE phenomenon, developing four different models shortly described here:
Magnesium hydride (MgH 2 ) model For a deeper insight, the readers are referred to [77] .
It is well known that a passivating film forms naturally on the surface of Mg, preventing further corrosion. This model suggests that NDE is attributed to the rupture of the protective layer when current is flowing through the interfacial electrical double layer formed between the magnesium surface and the electrolytic medium. Once the protective film is broken, divalent magnesium ions dissolve and undergo hydrolysis lowering the pH of the solution and increasing the parasitic corrosion rate. The higher the current density or potential is, the greater the removal of protective layer will be ( Figure 16 Several authors have tried to explain the NDE phenomenon, developing four different models shortly described here:
It is well known that a passivating film forms naturally on the surface of Mg, preventing further corrosion. This model suggests that NDE is attributed to the rupture of the protective layer when current is flowing through the interfacial electrical double layer formed between the magnesium surface and the electrolytic medium. Once the protective film is broken, divalent magnesium ions dissolve and undergo hydrolysis lowering the pH of the solution and increasing the parasitic corrosion rate. The higher the current density or potential is, the greater the removal of protective layer will be ( Figure 16 ). 
Monovalent Magnesium Ion Model
This model proposes that a transient Mg + monovalent ion may be involved in the NDE as illustrated in Figure 17 . 
This model proposes that a transient Mg + monovalent ion may be involved in the NDE as illustrated in Figure 17 . Mg + monovalent ion is produced electrochemically according to:
then chemically reacting with two protons to yield hydrogen gas via:
providing a chemical rather than electrochemical explanation of hydrogen production.
Particle Undermining Model
This model suggests the NDE to be explained by the development of second phases or impurities, especially at high anodic current densities or potentials. Second phases and impurities are more cathodic with respect to the Mg matrix, resulting in high localized galvanic corrosion at their boundaries. The phases fall out due to an increased mass loss weakening the material. This phenomena increases with higher current densities ( Figure 18 ). 
Magnesium Hydride (MgH2) Model
This model builds on the formation of a MgH2 layer on the specimens' surface [119] , which reacts with H2O to produce H2:
This can be significant in an anodic condition ( Figure 19 ). Mg + monovalent ion is produced electrochemically according to:
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Magnesium Hydride (MgH2) Model
This can be significant in an anodic condition ( Figure 19 ). 
Magnesium Hydride (MgH 2 ) Model
This model builds on the formation of a MgH 2 layer on the specimens' surface [119] , which reacts with H 2 O to produce H 2 :
This can be significant in an anodic condition ( Figure 19 ). Song et al. [77] combined model 1 and 2, providing one of the most applicable models. Increasing applied potential or current density, a larger surface area of the material becomes film free, Mg produces monovalent Mg + (Equation (13)), which in turn leads to hydrogen generation via:
For strong negative values of applied potential/high current densities, the model considers the film surface intact, leading to low anodic dissolution, whereas cathodic hydrogen evolution is still allowed but decreasing with increased potential. Once the pitting potential is reached, the surface film breaks down, favouring hydrogen evolution and Mg ions dissolution, which, of course, increases with applied potential/current density.
Corrosion Improvements
The importance of temporary biomedical devices is continuously increasing. Mg-based materials are emerging as attractive metallic materials in this field, because of bone like mechanical properties and chemical compatibility (Mg is a trace element of the human body). The main limitation is their low corrosion resistance leading to implant failure before bone healing is sufficient. Researcher efforts start to grow in this field, aiming to improve Mg and its alloys' corrosion behaviour. In the last years, some methods have been developed, acting either on the bulk material or on the surface. These will be discussed in detail below.
High-Purity Mg and Mg-Alloys
Because of poor molten metal handling processes and as a consequence of the natural composition of the raw Mg, some undesirable impurities, such as iron (Fe), nickel (Ni) and copper (Cu), are incorporated into the material. Moreover, the amount of impurities is inversely related to the efficiency of the refining process. The effect of impurities on Mg based materials' corrosion behaviour has thus gained great interest. Inclusions are the main issue affecting corrosion and thus have been intensively investigated in recent years [120, 121] , especially in conjunction with the leaching of potential toxic (Ni) elements into the surrounding causing inflammations [68, 85, 122, 123] . The corrosion rate is reported to increase 10-100 times if the concentration of impurities rises beyond the solid solubility determined tolerance maximum [124] . This solid solubility limit is defined as the extent to which an element will dissolve in base materials (Mg in this case) without forming a different phase [85] . Thus a higher solid solubility limit leads to more homogenously dispersed elements, whereas a lower one increases the amount of separate phases within the Mg-matrix. The tolerance limits are usually low and the limit at which segregation in pure metal (Fe) or Mgintermetallic phases (Ni, Cu) occurs, can be as low as 35-50 ppm for Fe, 100-300 ppm for Cu, and 20-50 ppm for Ni [68] .
In these segregations, a galvanic corrosion is higher as the standard reduction potential is greater than that of Mg. The formation of this corrosion cell induces a preferential dissolution of Mg acting Song et al. [77] combined model 1 and 2, providing one of the most applicable models. Increasing applied potential or current density, a larger surface area of the material becomes film free, Mg produces monovalent Mg + (Equation (13)), which in turn leads to hydrogen generation via:
Corrosion Improvements
High-Purity Mg and Mg-Alloys
Because of poor molten metal handling processes and as a consequence of the natural composition of the raw Mg, some undesirable impurities, such as iron (Fe), nickel (Ni) and copper (Cu), are incorporated into the material. Moreover, the amount of impurities is inversely related to the efficiency of the refining process. The effect of impurities on Mg based materials' corrosion behaviour has thus gained great interest. Inclusions are the main issue affecting corrosion and thus have been intensively investigated in recent years [120, 121] , especially in conjunction with the leaching of potential toxic (Ni) elements into the surrounding causing inflammations [68, 85, 122, 123] . The corrosion rate is reported to increase 10-100 times if the concentration of impurities rises beyond the solid solubility determined tolerance maximum [124] . This solid solubility limit is defined as the extent to which an element will dissolve in base materials (Mg in this case) without forming a different phase [85] . Thus a higher solid solubility limit leads to more homogenously dispersed elements, whereas a lower one increases the amount of separate phases within the Mg-matrix. The tolerance limits are usually low and the limit at which segregation in pure metal (Fe) or Mg-intermetallic phases (Ni, Cu) occurs, can be as low as 35-50 ppm for Fe, 100-300 ppm for Cu, and 20-50 ppm for Ni [68] .
In these segregations, a galvanic corrosion is higher as the standard reduction potential is greater than that of Mg. The formation of this corrosion cell induces a preferential dissolution of Mg acting as anodic material, while the mass of the cathodic material will remain. Moreover, the galvanic corrosion is a localized phenomenon also increasing pitting formation and thus enhancing the SCC and CF sensitivity. Several authors reported that SCC susceptibility increases with Fe concentration due to emerging corrosion cells between the anodic matrix and cathodic impurities [100, 125] .
It is fundamental to keep these elements under their tolerance levels, or to moderate their activity utilizing alloying element (discussed later). Achieving higher corrosion resistance is linked to an amount of impurities (Fe, Ni and Cu) under the tolerance limits. Shi et al. [126] discovered better corrosion resistance of high purity Mg and its alloys comparing low and high purity Mg and Mg1Al alloys ( Figure 20 ) in salt immersion test (SIT) and salt spray test (SST). Hofstetter et al. [127] stated that an ultrahigh purity ZX50 Mg alloy shows greater corrosion resistance compared to high purity alloys (almost three times) and to standard purity alloy (over an order of magnitude). Li et al. [128] reported that specimens made from 99.99 wt % pure Mg have no mass loss even after 180 days of immersion in SBF. as anodic material, while the mass of the cathodic material will remain. Moreover, the galvanic corrosion is a localized phenomenon also increasing pitting formation and thus enhancing the SCC and CF sensitivity. Several authors reported that SCC susceptibility increases with Fe concentration due to emerging corrosion cells between the anodic matrix and cathodic impurities [100, 125] . It is fundamental to keep these elements under their tolerance levels, or to moderate their activity utilizing alloying element (discussed later). Achieving higher corrosion resistance is linked to an amount of impurities (Fe, Ni and Cu) under the tolerance limits. Shi et al. [126] discovered better corrosion resistance of high purity Mg and its alloys comparing low and high purity Mg and Mg1Al alloys ( Figure 20 ) in salt immersion test (SIT) and salt spray test (SST). Hofstetter et al. [127] stated that an ultrahigh purity ZX50 Mg alloy shows greater corrosion resistance compared to high purity alloys (almost three times) and to standard purity alloy (over an order of magnitude). Li et al. [128] reported that specimens made from 99.99 wt % pure Mg have no mass loss even after 180 days of immersion in SBF. 
Tolerance Level
The tolerance level represents a threshold value, below which the corrosion rate is limited, and once the amount of impurities exceeds this threshold, the corrosion rapidly increases. Obviously, each element has its own solid solubility determined tolerance limit. At the same concentration, the detrimental effect of impurities decreases as follows: Ni > Fe > Cu. However, a typical Mg alloy incorporates several alloying elements, all of which cross-influence their tolerance levels. An element specific impurity threshold level is thus not possible to define. To the best of the authors' knowledge, the first study on the critical level of impurities has been performed by Hanawalt et al. [129] . They have carried out corrosion tests on Mg alloys immersed in 3% NaCl solution and compared it to pure Mg. For pure Mg, they reported the tolerance level for Fe, Ni and Cu to be 0.017 wt %, 0.0005 wt % and 0.1 wt %, respectively. Increasing the amount of Manganese (Mn) from 0.2 to 2 wt %, the Ni tolerance limit grows from 0.001 to 0.015 wt % (Figure 21 ). 
The tolerance level represents a threshold value, below which the corrosion rate is limited, and once the amount of impurities exceeds this threshold, the corrosion rapidly increases. Obviously, each element has its own solid solubility determined tolerance limit. At the same concentration, the detrimental effect of impurities decreases as follows: Ni > Fe > Cu. However, a typical Mg alloy incorporates several alloying elements, all of which cross-influence their tolerance levels. An element specific impurity threshold level is thus not possible to define. To the best of the authors' knowledge, the first study on the critical level of impurities has been performed by Hanawalt et al. [129] . They have carried out corrosion tests on Mg alloys immersed in 3% NaCl solution and compared it to pure Mg. For pure Mg, they reported the tolerance level for Fe, Ni and Cu to be 0.017 wt %, 0.0005 wt % and 0.1 wt %, respectively. Increasing the amount of Manganese (Mn) from 0.2 to 2 wt %, the Ni tolerance limit grows from 0.001 to 0.015 wt % (Figure 21 ). Others have studied Ni tolerance levels, revealing that not only third elements but also the casting method has influences on the solubility [77, 130] . Sand and permanent mould casted have a significantly lower nickel solid solubility (10 ppm) as high pressure die casted AZ91 alloys (50 ppm) [77] .
Hanawalt et al. [129] studied the solid solubility limits of the three main impurities on binary alloys, especially on Mg-Al alloys. They reported a significant influence of Al content on Fe tolerance level, in contrast to none observed on Cu and Ni. 7 wt % of Al in the alloy drops the tolerance level of Fe from 0.017 wt % to 0.0005 wt %. The reason is the formation of Fe-Al phases (FeAl3) being even more cathodic than iron particles.
Furthermore, they studied also ternary alloys, such as Mg-Al-Mn, reporting that an amount of 0.2 wt % of Mn rendering Fe tolerance levels not to drop below 0.002 wt %, meaning that they are stable over a wide range of Al contents.
Adding Mn as alloying element to Mg-Al improves corrosion resistance by increasing the Fe tolerance level [77, 130, 131] . A weight ratio Fe/Mn of 0.032 is widely defined to be the threshold above which the corrosion rate highly increases [77, 130, 131] . Mercer and Hillis [132] found that the Fe tolerance levels for AE42 and AM60 alloys are different, but comparable when considering the Fe/Mn ratio.
The copper tolerance level is also influenced by other alloying elements. A small amount of Cu is beneficial for creep strength, but strongly affects corrosion. For example, the addition of Cu in MgAl-Zn alloys has a detrimental effect due to the incorporation of Cu in the eutectic phase as Mg(Cu, Zn) [106] . The Cu tolerance level is highly influenced by Zn. Song and Atrens [77] reported a higher Cu tolerance if Zn is above 0.4 wt %. These results agree with Hanawalt [129] reporting that the addition of 3 wt % Zn increases Cu corrosion tolerance in a Mg-Al-Mn (0.2 wt %) system, whereas no changes are observed at 0.5 wt % Zn (Figure 22 ). Others have studied Ni tolerance levels, revealing that not only third elements but also the casting method has influences on the solubility [77, 130] . Sand and permanent mould casted have a significantly lower nickel solid solubility (10 ppm) as high pressure die casted AZ91 alloys (50 ppm) [77] .
Hanawalt et al. [129] studied the solid solubility limits of the three main impurities on binary alloys, especially on Mg-Al alloys. They reported a significant influence of Al content on Fe tolerance level, in contrast to none observed on Cu and Ni. 7 wt % of Al in the alloy drops the tolerance level of Fe from 0.017 wt % to 0.0005 wt %. The reason is the formation of Fe-Al phases (FeAl 3 ) being even more cathodic than iron particles.
The copper tolerance level is also influenced by other alloying elements. A small amount of Cu is beneficial for creep strength, but strongly affects corrosion. For example, the addition of Cu in Mg-Al-Zn alloys has a detrimental effect due to the incorporation of Cu in the eutectic phase as Mg(Cu, Zn) [106] . The Cu tolerance level is highly influenced by Zn. Song and Atrens [77] reported a higher Cu tolerance if Zn is above 0.4 wt %. These results agree with Hanawalt [129] reporting that the addition of 3 wt % Zn increases Cu corrosion tolerance in a Mg-Al-Mn (0.2 wt %) system, whereas no changes are observed at 0.5 wt % Zn (Figure 22 ). 
Alloying
No alloying strategy outperforms the corrosion resistance of ultra-high purity Mg [133] . Increasing alloying elements content increases second phases, promoting the establishment of a local galvanic cell at interfaces. For example, Shi et al. [126] compared the corrosion rate of high purity Mg with high a purity alloy containing 5 wt % Al. They found a higher corrosion rate for the latter due to the microgalvanic corrosion acceleration of the Mg matrix by the adjacent Mg17Al12 cathodic phases. However, pure Mg cannot provide the mechanical properties required for biomedical devices. Therefore, the use of alloying elements has also gained interest for increasing mechanical properties (strength, elastic modulus, elongation at fracture, etc.). Moreover, the addition of certain alloying elements is reported to improve the corrosion resistance of unalloyed Mg with conventional purity. The improvement in the corrosion behaviour can be achieved by three different ways:
• Refining the grain size through alloying. Since grain boundaries are characterized by higher imperfection and higher internal energy compared to the Mg matrix, any corrosive attack acts preferentially on grain boundaries. Segregation of alloying elements and second phases occur on these boundaries leading to an accelerated cathodic activity of the surrounding Mg matrix. This would normally favour coarse grains, however, such segregations are continuously distributed in Mg alloys with finer grains leading to a more homogeneous corrosion behaviour acting as a corrosion barrier [60, 68] . Furthermore, fine grain sizes improve the corrosion assisted cracking resistance since they inhibit crack initiation and dislocation motion and lead to an increase in the number of barriers to crack propagation.
•
Surrounding the Mg matrix continuously with passivating second phases allows the development of an oxidative film protecting the Mg matrix and acts as barrier to hamper corrosion.
Adding elements reduces precipitation of second phases at grain boundaries or balances the potential difference between matrix and second phases to decrease microgalvanic corrosion.
Several alloying strategies allow achieving these improvements, it is however necessary to identify nontoxic ones. In this section, we provide a list of most used alloying elements and their effects. It has to be noted that the effects of alloying elements are strictly related to the system where they are added.
Aluminium
Al is the most common addition to Mg, it is relatively cheap, light, soluble, and improves strength considerably (i.e., from 170 to 250 MPa considering AZ91) [134] . Furthermore, it is passivating and improves corrosion resistance. Corrosion behaviour studies of Mg alloys are almost exclusively on Mg-Al alloys, especially AZ91. Song et al. [99] tested pure Mg and different Mg-Al alloys in chloride solution finding that pure Mg has a higher anodic dissolution rate than AZ21. The surface film of specimens in this study consists of three different layers: an Al2O3 inner layer, a MgO 
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No alloying strategy outperforms the corrosion resistance of ultra-high purity Mg [133] . Increasing alloying elements content increases second phases, promoting the establishment of a local galvanic cell at interfaces. For example, Shi et al. [126] compared the corrosion rate of high purity Mg with high a purity alloy containing 5 wt % Al. They found a higher corrosion rate for the latter due to the microgalvanic corrosion acceleration of the Mg matrix by the adjacent Mg 17 Al 12 cathodic phases. However, pure Mg cannot provide the mechanical properties required for biomedical devices. Therefore, the use of alloying elements has also gained interest for increasing mechanical properties (strength, elastic modulus, elongation at fracture, etc.). Moreover, the addition of certain alloying elements is reported to improve the corrosion resistance of unalloyed Mg with conventional purity. The improvement in the corrosion behaviour can be achieved by three different ways:
•
Refining the grain size through alloying. Since grain boundaries are characterized by higher imperfection and higher internal energy compared to the Mg matrix, any corrosive attack acts preferentially on grain boundaries. Segregation of alloying elements and second phases occur on these boundaries leading to an accelerated cathodic activity of the surrounding Mg matrix. This would normally favour coarse grains, however, such segregations are continuously distributed in Mg alloys with finer grains leading to a more homogeneous corrosion behaviour acting as a corrosion barrier [60, 68] . Furthermore, fine grain sizes improve the corrosion assisted cracking resistance since they inhibit crack initiation and dislocation motion and lead to an increase in the number of barriers to crack propagation.
Aluminium
Al is the most common addition to Mg, it is relatively cheap, light, soluble, and improves strength considerably (i.e., from 170 to 250 MPa considering AZ91) [134] . Furthermore, it is passivating and improves corrosion resistance. Corrosion behaviour studies of Mg alloys are almost exclusively on Mg-Al alloys, especially AZ91. Song et al. [99] tested pure Mg and different Mg-Al alloys in chloride solution finding that pure Mg has a higher anodic dissolution rate than AZ21. The surface film of specimens in this study consists of three different layers: an Al 2 O 3 inner layer, a MgO middle layer and a Mg(OH) 2 Compared to AZ21, AZ91 alloys have higher corrosion rates due to increased cathodic second phases along grain boundaries. Al is soluble to almost 12 wt % in Mg, depending on the temperature (Figure 24 ). Gusieva et al. [136] reported alloys of higher Al content than AZ31 to have second phases (Mg17Al12) implying that an amount of Al above 3 wt % lowers the corrosion resistance. Some authors contradicted this hypothesis stating that an increase in Al steadily rises corrosion resistance [137, 138] . Lunder et al. [138] , for example, proposed the anodic dissolution to be further decreased with Al above 10 wt %. Winzer et al. [75] finally resumed these studies observing two influences of Mg17Al12 phases on corrosion, they are a (1) barrier and (2) galvanic cathode influences, depending on the amount of second phases and on their distribution. Mg17Al12 acts as a galvanic cathode and accelerates corrosion at low volume fractions, whereas when forming an interconnected network at high fractions, reduce corrosion acting as a barrier through the passivating properties of Al (Figure 25 ). Compared to AZ21, AZ91 alloys have higher corrosion rates due to increased cathodic second phases along grain boundaries. Al is soluble to almost 12 wt % in Mg, depending on the temperature (Figure 24 ). Compared to AZ21, AZ91 alloys have higher corrosion rates due to increased cathodic second phases along grain boundaries. Al is soluble to almost 12 wt % in Mg, depending on the temperature (Figure 24 ). Gusieva et al. [136] reported alloys of higher Al content than AZ31 to have second phases (Mg17Al12) implying that an amount of Al above 3 wt % lowers the corrosion resistance. Some authors contradicted this hypothesis stating that an increase in Al steadily rises corrosion resistance [137, 138] . Lunder et al. [138] , for example, proposed the anodic dissolution to be further decreased with Al above 10 wt %. Winzer et al. [75] finally resumed these studies observing two influences of Mg17Al12 phases on corrosion, they are a (1) barrier and (2) galvanic cathode influences, depending on the amount of second phases and on their distribution. Mg17Al12 acts as a galvanic cathode and accelerates corrosion at low volume fractions, whereas when forming an interconnected network at high fractions, reduce corrosion acting as a barrier through the passivating properties of Al (Figure 25 ). Gusieva et al. [136] reported alloys of higher Al content than AZ31 to have second phases (Mg 17 Al 12 ) implying that an amount of Al above 3 wt % lowers the corrosion resistance. Some authors contradicted this hypothesis stating that an increase in Al steadily rises corrosion resistance [137, 138] . Lunder et al. [138] , for example, proposed the anodic dissolution to be further decreased with Al above 10 wt %. Winzer et al. [75] finally resumed these studies observing two influences of Mg 17 Al 12 phases on corrosion, they are a (1) barrier and (2) galvanic cathode influences, depending on the amount of second phases and on their distribution. Mg 17 Al 12 acts as a galvanic cathode and accelerates corrosion at low volume fractions, whereas when forming an interconnected network at high fractions, reduce corrosion acting as a barrier through the passivating properties of Al (Figure 25 ). These findings are interesting from a mechanistic perspective and might be generalizable for alloying elements with similar electronegativity (In). Yet the extensive knowledge obtained with Al alloys is not directly applicable for biomedical implants. Long term effects of exposure to Al reveals Al to be toxic, affecting the reproductive ability [140] , inducing dementia [141] and leading to Alzheimer's disease [142, 143] .
Manganese
As a binary addition to Mg, Mn shows no significant increase on corrosion for concentrations of up to 5 wt % [129] . It increases the Fe tolerance level in Mg-Al alloys when keeping the Fe/Mn ratio at 0.032. The most likely mechanism explaining the moderation of Fe is that Fe is incorporated in an intermetallic AlMnFe compound, which is less active as local cathode, and thus reduces microgalvanic coupling [136, 144] . However, Mn in concentrations higher than 10 μmol/L in the blood, has been shown to induce "Manganism", a neurological disorder similar to Parkinson's disease [145] .
Zinc
Zn causes solid solution strengthening increasing the strength of Mg up to 280 MPa adding 6 wt % of zinc [11] . Moreover, Zn is an essential trace mineral to hundreds of biological enzymes, being required by human body at 15 mg/day [146, 147] . The main drawback regarding Zn's biocompatibility is the reaction of Zn 2+ with hydrochloric acid (HCl). Zn 2+ evolves from the oxidation reaction of Zn used as alloying material,
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Metals 2017, 7, 252 25 of 41 leading then to the formation of ZnCl 2 , known to damage stomach parietal cells [148] . In Mg alloys, Zn enhances the tolerance limit and reduces effects of the three main impurities (Fe, Cu, Ni) when their solid solubility limits have been exceeded. 1 wt % of Zn in Mg raises the tolerance limit for Ni [129] . Song and Atrens [77] reported the Ni tolerance limit to be increased up to 20 ppm in Mg-Al-Mn alloys with an addition of 3 wt % Zn, and it can further reduce the corrosion rate of ternary alloys when Ni and Fe tolerance levels are reached. At Zn concentration above 3 wt %, second phases form and the corrosion resistance lowers [67] leading to localized corrosion [149] . Another advantage of Zn alloying is the decrease in hydrogen evolution along with the decrease in solubility of the Mg matrix. Both, Mg 2+ ions and Zn 2+ ions bind with free OH − anions forming Zn(OH) 2 and reducing the amounts of free H 2 [85] . However, in crystalline Mg, the solubility of alloying elements is limited, hydrogen evolution can hence only be slightly reduced. Mg-based glasses, in contrast, offer increased solubility for alloying elements, allowing to significantly lower corrosion. Zberg et al. [80] investigated glassy Mg 60+x Zn 35−x Ca 5 alloys (x = 0, 3, 6, 7, 9, 12, 14, 15) in SBF. They found that an increase in Zn reduces hydrogen evolution, with a distinct drop in hydrogen release at a Zn content of 28 wt % (Figure 26 ). leading then to the formation of ZnCl2, known to damage stomach parietal cells [148] . In Mg alloys, Zn enhances the tolerance limit and reduces effects of the three main impurities (Fe, Cu, Ni) when their solid solubility limits have been exceeded. 1 wt % of Zn in Mg raises the tolerance limit for Ni [129] . Song and Atrens [77] reported the Ni tolerance limit to be increased up to 20 ppm in Mg-AlMn alloys with an addition of 3 wt % Zn, and it can further reduce the corrosion rate of ternary alloys when Ni and Fe tolerance levels are reached. At Zn concentration above 3 wt %, second phases form and the corrosion resistance lowers [67] leading to localized corrosion [149] . Another advantage of Zn alloying is the decrease in hydrogen evolution along with the decrease in solubility of the Mg matrix. Both, Mg 2+ ions and Zn 2+ ions bind with free OH − anions forming Zn(OH)2 and reducing the amounts of free H2 [85] . However, in crystalline Mg, the solubility of alloying elements is limited, hydrogen evolution can hence only be slightly reduced. Mg-based glasses, in contrast, offer increased solubility for alloying elements, allowing to significantly lower corrosion. Zberg et al. [80] investigated glassy Mg60+xZn35−xCa5 alloys (x = 0, 3, 6, 7, 9, 12, 14, 15) in SBF. They found that an increase in Zn reduces hydrogen evolution, with a distinct drop in hydrogen release at a Zn content of 28 wt % (Figure 26 ). 
Zirconium
Zirconium (Zr) can refine the grain size. Li et al. reported the microstructure of Mg-Zr binary alloys to be finer than pure Mg [150] . The grain size can be reduced to 50 μm. Zr alloys also have good corrosion resistance due to improved castability. Zr reacts with the impurities of molten Mg lowering their levels through precipitations. For example, Fe combines with Zr to form Fe2Zr, which, by gravity, settles to the bottom of the melt improving the purity of the cast [77] . Song and St. John [151] compared the corrosion resistance of rare earth (RE)-containing alloys (Mg-REZn-Zr) with and without Zr addition, labelled with MEZr and MEZu, respectively (Figure 27 ).
They related the higher corrosion resistance of MEZr to the dissolution of iron impurities. From composition analysis of the two alloys, they found MEZu alloys (0.005 wt % Zr) to contain 0.0013 wt % Fe, whereas alloys characterized by 0.6 wt % Zr have lower Fe (0.004 wt %). However, purification cannot explain the difference in corrosion resistance between centres and edges of MEZR grains (Figure 28 ).
Song and St. John provided three possible explanations of these observations. First, they attributed the higher corrosion resistance of the grain centre to a higher amount of Zr with respect to the grain boundaries. Comparing MEZU and MEZR, they found the onset and propagation of corrosion to be slower in the latter suggesting that Zr in solid solution improves the resistance via solubility reduction of Mg in the same media. Second, they observed a decreased number of 
Zirconium (Zr) can refine the grain size. Li et al. reported the microstructure of Mg-Zr binary alloys to be finer than pure Mg [150] . The grain size can be reduced to 50 µm. Zr alloys also have good corrosion resistance due to improved castability. Zr reacts with the impurities of molten Mg lowering their levels through precipitations. For example, Fe combines with Zr to form Fe 2 Zr, which, by gravity, settles to the bottom of the melt improving the purity of the cast [77] . Song and St. John [151] compared the corrosion resistance of rare earth (RE)-containing alloys (Mg-REZn-Zr) with and without Zr addition, labelled with MEZ r and MEZ u , respectively ( Figure 27 ).
They related the higher corrosion resistance of MEZ r to the dissolution of iron impurities. From composition analysis of the two alloys, they found MEZ u alloys (0.005 wt % Zr) to contain 0.0013 wt % Fe, whereas alloys characterized by 0.6 wt % Zr have lower Fe (0.004 wt %). However, purification cannot explain the difference in corrosion resistance between centres and edges of MEZ R grains (Figure 28 ).
Song and St. John provided three possible explanations of these observations. First, they attributed the higher corrosion resistance of the grain centre to a higher amount of Zr with respect to the grain boundaries. Comparing MEZ U and MEZ R , they found the onset and propagation of corrosion to be slower in the latter suggesting that Zr in solid solution improves the resistance via solubility reduction of Mg in the same media. Second, they observed a decreased number of precipitated particles producing hydrogen in MEZ R than in MEZ u suggesting a reduction of the cathodic activity of intermetallic precipitates containing Zr. Third, the authors stated that the grain refinement effect of Zr provides more continuous layers of corrosion resistant intermetallic RE phases around grain boundaries, decelerating corrosion between grains. 
Calcium
Ca is a major component in human bones and is beneficial for bone healing and growth [127, 139, 152] . It is widely utilized as alloying element for biodegradable Mg alloys. When Ca is present, Mg alloys develop a hydroxyapatite (HA) surface layer, improving its biocompatibility. Ca is also a grain refiner [153] improving mechanical properties. Zhang and Yang [154] reported a decrease in grain size from 175 to 51 μm in Mg-Zn-Mn alloys increasing the amount of Ca from 0.3 to 1 wt %. The solubility limit of Ca is however only 1 wt %, after which the corrosion resistance drops due to the development of Mg2Ca second phases [155] . Yet Bornapour et al. [156] assumed the presence of a second phase as being desirable. Comparing the corrosion behaviour of pure Mg to that of different types of alloys with Ca and Sr (Mg-0.5Sr, Mg-0.6Ca, Mg-0.5Sr-0.6Ca, Mg-0.3Sr-0.3Ca), Figure 27 . Weight loss rate for MEZ u and MEZ r specimens. Modified from [151] . 
Ca is a major component in human bones and is beneficial for bone healing and growth [127, 139, 152] . It is widely utilized as alloying element for biodegradable Mg alloys. When Ca is present, Mg alloys develop a hydroxyapatite (HA) surface layer, improving its biocompatibility. Ca is also a grain refiner [153] improving mechanical properties. Zhang and Yang [154] reported a decrease in grain size from 175 to 51 μm in Mg-Zn-Mn alloys increasing the amount of Ca from 0.3 to 1 wt %. The solubility limit of Ca is however only 1 wt %, after which the corrosion resistance drops due to the development of Mg2Ca second phases [155] . Yet Bornapour et al. [156] assumed the presence of a second phase as being desirable. Comparing the corrosion behaviour of pure Mg to that of different types of alloys with Ca and Sr (Mg-0.5Sr, Mg-0.6Ca, Mg-0.5Sr-0.6Ca, Mg-0.3Sr-0.3Ca), 
Ca is a major component in human bones and is beneficial for bone healing and growth [127, 139, 152] . It is widely utilized as alloying element for biodegradable Mg alloys. When Ca is present, Mg alloys develop a hydroxyapatite (HA) surface layer, improving its biocompatibility. Ca is also a grain refiner [153] improving mechanical properties. Zhang and Yang [154] reported a decrease in grain size from 175 to 51 µm in Mg-Zn-Mn alloys increasing the amount of Ca from 0.3 to 1 wt %. The solubility limit of Ca is however only 1 wt %, after which the corrosion resistance drops due to the development of Mg 2 Ca second phases [155] . Yet Bornapour et al. [156] assumed the presence of a second phase as being desirable. Comparing the corrosion behaviour of pure Mg to that of different types of alloys with Ca and Sr (Mg-0.5Sr, Mg-0.6Ca, Mg-0.5Sr-0.6Ca, Mg-0.3Sr-0.3Ca), they found that Mg-0.3Sr-0.3Ca alloys have the highest corrosion resistance, despite the presence of Ca/Sr-rich second phases ( Figure 29 ). They related the improvement in the corrosion behaviour to the presence of these phases in both the grain boundaries and in the interior aligning the corrosion potential of the matrix and the grain boundaries and hence lowering dissolution. Moreover they state that small amounts of Sr and Ca result in stable HA surface layers, whereas large amounts may result in a non-adherent HA surface layer that can easily detach losing its electrochemical barrier function.
Rare Earth (RE) Elements
RE are mostly present as additions to Zr containing alloys to improve their mechanical properties [75] . Rokhlin [157] reported a higher resistance against SCC with the addition of Cd and Nd to Mg-Zn-Zr alloys. A lower sensitivity to SCC using Nd has been obtained by Kannan et al. [158] . In their study, EV31A, composed by 2.35 wt % Nd and 1.3 wt % Gd, has a higher SCC susceptibility index (ISCC) than AZ80 in chloride solution when tested at strain rates of 10 −6 s −1 and 10 −7 s −1 , respectively ( Table 4 ). The SCC susceptibility index is calculated based on particular mechanical properties, e.g. ultimate tensile strength (UTS) and elongation to failure (εf), measured in a SSRT test in corrosive environments and compared to its corresponding value in air. A low ISCC index corresponds to high SCC susceptibility. When this index approaches unity, the alloy is meant to be highly resistant to SCC in that particular medium. The improved corrosion behaviour of EV31A is due to the development of a film of mixed oxides of Nd and Gd, which is more stable than the surface film of RE free alloys. However, despite that They related the improvement in the corrosion behaviour to the presence of these phases in both the grain boundaries and in the interior aligning the corrosion potential of the matrix and the grain boundaries and hence lowering dissolution. Moreover they state that small amounts of Sr and Ca result in stable HA surface layers, whereas large amounts may result in a non-adherent HA surface layer that can easily detach losing its electrochemical barrier function.
RE are mostly present as additions to Zr containing alloys to improve their mechanical properties [75] . Rokhlin [157] reported a higher resistance against SCC with the addition of Cd and Nd to Mg-Zn-Zr alloys. A lower sensitivity to SCC using Nd has been obtained by Kannan et al. [158] . In their study, EV31A, composed by 2.35 wt % Nd and 1.3 wt % Gd, has a higher SCC susceptibility index (I SCC ) than AZ80 in chloride solution when tested at strain rates of 10 −6 s −1 and 10 −7 s −1 , respectively ( Table 4 ). The SCC susceptibility index is calculated based on particular mechanical properties, e.g. ultimate tensile strength (UTS) and elongation to failure (ε f ), measured in a SSRT test in corrosive environments and compared to its corresponding value in air. A low I SCC index corresponds to high SCC susceptibility. When this index approaches unity, the alloy is meant to be highly resistant to SCC in that particular medium. The improved corrosion behaviour of EV31A is due to the development of a film of mixed oxides of Nd and Gd, which is more stable than the surface film of RE free alloys. However, despite that both ZE41 and QE22 contain RE elements, they have low corrosion resistance. Kannan et al. [158] attributed their lower corrosion properties to other elements, such as high Zn content (ZE41), and Ag with higher noble potential than Mg (QE22).
Nd is also reported to improve the corrosion resistance of Mg-Al. Zhang et al. [159] studied the effect of Nd on the corrosion behaviour of AZ91 finding a drop in corrosion rate when 1.5 wt % of Nd is added (Figure 30 ). They related this improvement to a modification of the alloy's microstructure, since Al-Mn phases are replaced by Al-Nd minimizing the effect of galvanic coupling.
Metals 2017, 7, 252 28 of 40 both ZE41 and QE22 contain RE elements, they have low corrosion resistance. Kannan et al. [158] attributed their lower corrosion properties to other elements, such as high Zn content (ZE41), and Ag with higher noble potential than Mg (QE22). Nd is also reported to improve the corrosion resistance of Mg-Al. Zhang et al. [159] studied the effect of Nd on the corrosion behaviour of AZ91 finding a drop in corrosion rate when 1.5 wt % of Nd is added (Figure 30 ). They related this improvement to a modification of the alloy's microstructure, since Al-Mn phases are replaced by Al-Nd minimizing the effect of galvanic coupling. When combined with Al, RE reduce ductility and strength due to the formation of AlxREy, which is however connected to an improvement in corrosion resistance. For example, binary addition of La is detrimental for the corrosion resistance since it forms Mg12La cathodic phases above the solid solubility limit. As elemental addition to Mg-Al, however, it improves corrosion resistance. Liu et al. [160] reported a drop in corrosion rate when 0.5 wt % La is added to AZ91 (Figure 31 ), which they related to a modification of the alloy's microstructure. The formation of needle-like Al-La compounds and the alteration of Mg17Al12 from discontinuous to continuous is observed. Zhou et al. [161] studied the effect of adding 0.24 wt % Ho and 0.44 wt % Ho to AZ91D alloys, which also significantly decreases the rate (Figure 32 ). When combined with Al, RE reduce ductility and strength due to the formation of Al x RE y , which is however connected to an improvement in corrosion resistance. For example, binary addition of La is detrimental for the corrosion resistance since it forms Mg 12 La cathodic phases above the solid solubility limit. As elemental addition to Mg-Al, however, it improves corrosion resistance. Liu et al. [160] reported a drop in corrosion rate when 0.5 wt % La is added to AZ91 (Figure 31 ), which they related to a modification of the alloy's microstructure. The formation of needle-like Al-La compounds and the alteration of Mg 17 Al 12 from discontinuous to continuous is observed.
Metals 2017, 7, 252 28 of 40 both ZE41 and QE22 contain RE elements, they have low corrosion resistance. Kannan et al. [158] attributed their lower corrosion properties to other elements, such as high Zn content (ZE41), and Ag with higher noble potential than Mg (QE22). Nd is also reported to improve the corrosion resistance of Mg-Al. Zhang et al. [159] studied the effect of Nd on the corrosion behaviour of AZ91 finding a drop in corrosion rate when 1.5 wt % of Nd is added (Figure 30 ). They related this improvement to a modification of the alloy's microstructure, since Al-Mn phases are replaced by Al-Nd minimizing the effect of galvanic coupling. When combined with Al, RE reduce ductility and strength due to the formation of AlxREy, which is however connected to an improvement in corrosion resistance. For example, binary addition of La is detrimental for the corrosion resistance since it forms Mg12La cathodic phases above the solid solubility limit. As elemental addition to Mg-Al, however, it improves corrosion resistance. Liu et al. [160] reported a drop in corrosion rate when 0.5 wt % La is added to AZ91 (Figure 31 ), which they related to a modification of the alloy's microstructure. The formation of needle-like Al-La compounds and the alteration of Mg17Al12 from discontinuous to continuous is observed. Zhou et al. [161] studied the effect of adding 0.24 wt % Ho and 0.44 wt % Ho to AZ91D alloys, which also significantly decreases the rate (Figure 32 ). Zhou et al. [161] studied the effect of adding 0.24 wt % Ho and 0.44 wt % Ho to AZ91D alloys, which also significantly decreases the rate (Figure 32 ). Both Fe and Mg17Al12 volume fractions are reduced by Ho due to the formation of Al-Ho intermetallic phases inducing a lower microgalvanic corrosion through a lower difference in potential. The corrosive film of Ho containing alloys is more protective due to a higher Al concentration. Finally, Yao et al. [162] reported the Sc addition to AZ91E alloys, which refines the microstructure by means of Al3Sc formation suppressing Mg17Al12 phases and reducing the corrosion rate from 8 μA cm −2 to 2 μA cm −2 with a 0.1 wt % Sc addition. This shows that the addition of RE is beneficial to reduce corrosion and related mechanical failures, however, the synthesis of RE elements is expensive leading to high production costs, which limits their use.
Surface Treatment
There are two possible ways to improve the corrosion resistance of Mg and its alloys:
(1) Tailor composition and microstructure; (2) Treat the surface/apply coatings.
(1) can be achieved through alloying. Here we therefore focus on (2) via biomedical coatings and their influence on corrosion. Due to Mg's high chemical reactivity, coating is a viable strategy for both increased biocompatibility and corrosion protection, allowing a wide range of possible non-toxic and fully degradable surface modifications. Mg alloys tend to passivate naturally forming a protective layer stack of an inner MgO (2.5 nm) and an outer Mg(OH)2 layer (2.2 nm) [163] . This layer is not stable in chloride solution. Increasing the thickness of the passivating layer through thermal treatments is reported to be an effective method to improve the corrosion behaviour. Hanzi et al. [164] evaluated the hydrogen evolution rate of WE43 alloy under different surface conditions, obtained by means of various heat treatments ( Figure 33 ):
• Samples were first heat-treated at 525 °C for 6 h and then they were grinded and polished (labelled as SHT); • Samples were first heat-treated at 525 °C for 6 h and then they were artificially aged at 250 °C for 16 h before being grinded and polished (T6); • Specimens were first polished, then annealed at 500 °C, being covered by an oxide layer during the annealing. The oxidation in air during the heat treatment was carried out for various times, i.e., 1 (ox1), 8 (ox8), 24 (ox24), 48 (ox48), 168 h (ox168).
After the third procedure, an oxide layer, made by MgO and Y2O3, covers the surface because of the heat treatment, and the latter growths with increasing oxidation duration, from 500 nm after 1 h to 2700 nm after 168 h. They reported that the higher the thickness of the protective film is, the slower and more homogeneous the degradation will be. Both Fe and Mg17Al12 volume fractions are reduced by Ho due to the formation of Al-Ho intermetallic phases inducing a lower microgalvanic corrosion through a lower difference in potential. The corrosive film of Ho containing alloys is more protective due to a higher Al concentration. Finally, Yao et al. [162] reported the Sc addition to AZ91E alloys, which refines the microstructure by means of Al 3 Sc formation suppressing Mg 17 Al 12 phases and reducing the corrosion rate from 8 µA cm −2 to 2 µA cm −2 with a 0.1 wt % Sc addition. This shows that the addition of RE is beneficial to reduce corrosion and related mechanical failures, however, the synthesis of RE elements is expensive leading to high production costs, which limits their use.
(1) can be achieved through alloying. Here we therefore focus on (2) via biomedical coatings and their influence on corrosion. Due to Mg's high chemical reactivity, coating is a viable strategy for both increased biocompatibility and corrosion protection, allowing a wide range of possible non-toxic and fully degradable surface modifications. Mg alloys tend to passivate naturally forming a protective layer stack of an inner MgO (2.5 nm) and an outer Mg(OH) 2 layer (2.2 nm) [163] . This layer is not stable in chloride solution. Increasing the thickness of the passivating layer through thermal treatments is reported to be an effective method to improve the corrosion behaviour. Hanzi et al. [164] evaluated the hydrogen evolution rate of WE43 alloy under different surface conditions, obtained by means of various heat treatments ( Figure 33 ):
• Samples were first heat-treated at 525 • C for 6 h and then they were grinded and polished (labelled as SHT); • Samples were first heat-treated at 525 • C for 6 h and then they were artificially aged at 250 • C for 16 h before being grinded and polished (T6); • Specimens were first polished, then annealed at 500 • C, being covered by an oxide layer during the annealing. The oxidation in air during the heat treatment was carried out for various times, i.e., 1 (ox1), 8 (ox8), 24 (ox24), 48 (ox48), 168 h (ox168).
After the third procedure, an oxide layer, made by MgO and Y 2 O 3 , covers the surface because of the heat treatment, and the latter growths with increasing oxidation duration, from 500 nm after 1 h to 2700 nm after 168 h. They reported that the higher the thickness of the protective film is, the slower and more homogeneous the degradation will be. Interestingly, the degradation rate highly increases once the protective surface layer is penetrated or removed, (Figure 34 ), compared to heat treated and polished (SHT) and heat treated, aged and polished (T6) samples. The reason can be found in a composition change due to the oxidation. Short oxidation results in Y-depletion underneath the oxide layer, thus lowering the amount of Y in Mg. However, an effective coating strategy must preserve the desired properties of the material underneath. Thus Calcium Phosphate (Ca-P such as dicalcium phosphate (DCPD) and hydroxyapatite (HA)) have been studied. They have gained large interest in biomedical applications due to their intrinsic biocompatibility related to their analogy to the inorganic component of natural bones that aid the bone growth [165] . Ca-P coatings can be obtained by means of several coating methods, either using conversion or deposition methods (for a review and a detailed description of these methods the readers are referred to [166] ) and improve corrosion resistance and biocompatibility. Song et al. [167] fabricated three different kinds of Ca-P coatings on Mg-Zn alloys, i.e., DCPD, HA and fluoridated hydroxyapatite (FHA) via electrodeposition and compared their effects on the degradation behaviour in m-SBF (Figure 35 ). Interestingly, the degradation rate highly increases once the protective surface layer is penetrated or removed, (Figure 34 ), compared to heat treated and polished (SHT) and heat treated, aged and polished (T6) samples. Interestingly, the degradation rate highly increases once the protective surface layer is penetrated or removed, (Figure 34 ), compared to heat treated and polished (SHT) and heat treated, aged and polished (T6) samples. The reason can be found in a composition change due to the oxidation. Short oxidation results in Y-depletion underneath the oxide layer, thus lowering the amount of Y in Mg. However, an effective coating strategy must preserve the desired properties of the material underneath. Thus Calcium Phosphate (Ca-P such as dicalcium phosphate (DCPD) and hydroxyapatite (HA)) have been studied. They have gained large interest in biomedical applications due to their intrinsic biocompatibility related to their analogy to the inorganic component of natural bones that aid the bone growth [165] . Ca-P coatings can be obtained by means of several coating methods, either using conversion or deposition methods (for a review and a detailed description of these methods the readers are referred to [166] ) and improve corrosion resistance and biocompatibility. Song et al. [167] fabricated three different kinds of Ca-P coatings on Mg-Zn alloys, i.e., DCPD, HA and fluoridated hydroxyapatite (FHA) via electrodeposition and compared their effects on the degradation behaviour in m-SBF (Figure 35 ). The reason can be found in a composition change due to the oxidation. Short oxidation results in Y-depletion underneath the oxide layer, thus lowering the amount of Y in Mg. However, an effective coating strategy must preserve the desired properties of the material underneath. Thus Calcium Phosphate (Ca-P such as dicalcium phosphate (DCPD) and hydroxyapatite (HA)) have been studied. They have gained large interest in biomedical applications due to their intrinsic biocompatibility related to their analogy to the inorganic component of natural bones that aid the bone growth [165] . Ca-P coatings can be obtained by means of several coating methods, either using conversion or deposition methods (for a review and a detailed description of these methods the readers are referred to [166] ) and improve corrosion resistance and biocompatibility. Song et al. [167] fabricated three different kinds of Ca-P coatings on Mg-Zn alloys, i.e., DCPD, HA and fluoridated hydroxyapatite (FHA) via electrodeposition and compared their effects on the degradation behaviour in m-SBF (Figure 35 ). The results show that coatings can significantly decrease the degradation rate of Mg-Zn alloys acting as an electrochemical barrier delaying the Mg alloys' corrosion. Wang et al. [168] compared the effect of a Ca-deficient hydroxyapatite coating on the degradation behaviour of Mg-Zn-Ca alloys in SBF. Performing slow strain rate tensile (SSRT) tests at 2.16 × 10 −5 mm/s, a beneficial effect of the coating on SCC resistance has been shown, increasing the ultimate tensile strength (UTS) and time of fracture (TOF) by 5.6% and 16.6%, respectively. Zhu et al. [169] studied the corrosion resistance of a hydroxyapatite/aminated hydroxyethyl cellulose (HA/AHEC) coated AZ31 alloy in SBF. Uncoated and coated samples were immersed for seven days and hydrogen evolution was monitored. They reported that the coating greatly improves the corrosion resistance of AZ31 alloys, leading to a reduction in the average hydrogen release rate of about 65%, i.e., from 0.92 to 0.31 mL/cm 2 /day. Moreover, they also studied the cytocompatibility of the coating, investigating the MC3T3-E1 cellular response, reporting the coated alloy to present no cytotoxic reaction to MC3T3-E1 cells and to significantly enhance their proliferation rate. Yang et al. [170] chemically coated AZ31 rods with Ca-P implanting them into the thighbone of rabbits to assess the changes in biocompatibility and biodegradation provided by the coating. After 8 weeks of implantation, coated samples show a slower biodegradation than uncoated while inducing a fast formation of new bone around the implants.
Chiu et al. [171] studied the effect of fluoride containing (MgF2) coatings on pure Mg (99.96 wt %) immersed in Hank's balanced salt solution, which mimics ph values of the human body. By means of a conversion treatment, they cover the Mg samples surface with a 1.5 μm thick MgF2 protective layer. After 18 days of immersion, they reported an average corrosion rate of 1.01 mm/year for coated specimens, and 3.70 mm/year for uncoated Mg, respectively. Witte et al. [172] confirmed this studying implants from LAE442 with and without MgF2 coatings, implanted into the medial femur condyle of rabbits. The coating reduces mass loss ( Figure 36 ) and, until it disappears, the release of alloying elements. The results show that coatings can significantly decrease the degradation rate of Mg-Zn alloys acting as an electrochemical barrier delaying the Mg alloys' corrosion. Wang et al. [168] compared the effect of a Ca-deficient hydroxyapatite coating on the degradation behaviour of Mg-Zn-Ca alloys in SBF. Performing slow strain rate tensile (SSRT) tests at 2.16 × 10 −5 mm/s, a beneficial effect of the coating on SCC resistance has been shown, increasing the ultimate tensile strength (UTS) and time of fracture (TOF) by 5.6% and 16.6%, respectively. Zhu et al. [169] studied the corrosion resistance of a hydroxyapatite/aminated hydroxyethyl cellulose (HA/AHEC) coated AZ31 alloy in SBF. Uncoated and coated samples were immersed for seven days and hydrogen evolution was monitored. They reported that the coating greatly improves the corrosion resistance of AZ31 alloys, leading to a reduction in the average hydrogen release rate of about 65%, i.e., from 0.92 to 0.31 mL/cm 2 /day. Moreover, they also studied the cytocompatibility of the coating, investigating the MC3T3-E1 cellular response, reporting the coated alloy to present no cytotoxic reaction to MC3T3-E1 cells and to significantly enhance their proliferation rate. Yang et al. [170] chemically coated AZ31 rods with Ca-P implanting them into the thighbone of rabbits to assess the changes in biocompatibility and biodegradation provided by the coating. After 8 weeks of implantation, coated samples show a slower biodegradation than uncoated while inducing a fast formation of new bone around the implants.
Chiu et al. [171] studied the effect of fluoride containing (MgF 2 ) coatings on pure Mg (99.96 wt %) immersed in Hank's balanced salt solution, which mimics ph values of the human body. By means of a conversion treatment, they cover the Mg samples surface with a 1.5 µm thick MgF 2 protective layer. After 18 days of immersion, they reported an average corrosion rate of 1.01 mm/year for coated specimens, and 3.70 mm/year for uncoated Mg, respectively. Witte et al. [172] confirmed this studying implants from LAE442 with and without MgF 2 coatings, implanted into the medial femur condyle of rabbits. The coating reduces mass loss ( Figure 36 ) and, until it disappears, the release of alloying elements. All reported implants are affected by localized corrosion leading to pitting once the protective layer breaks down. Further, the fluoride-containing coatings seem to irritate the local synovial tissue during their dissolution. Organic coatings, especially organic biopolymers, provide a viable alternative offering functionalization possibilities with organic biomolecules. Polylactic-co-glycolic acid (PLGA) demonstrates great cell adhesion and proliferation properties [13] . Li et al. [173] performed cell attachment tests utilizing mouse osteoblast-like cells MC3T3-E1 on Mg-6Zn alloys with and without PLGA coating. The coated Mg alloys possess a significantly enhanced ability for cell attachment compared to the uncoated one ( Figure 37 ). Moreover, they also reported the PLGA coating to offer protection against corrosion since it significantly reduces the degradation rate of the Mg alloy (Table 6 ). All reported implants are affected by localized corrosion leading to pitting once the protective layer breaks down. Further, the fluoride-containing coatings seem to irritate the local synovial tissue during their dissolution. Organic coatings, especially organic biopolymers, provide a viable alternative offering functionalization possibilities with organic biomolecules. Polylactic-co-glycolic acid (PLGA) demonstrates great cell adhesion and proliferation properties [13] . Li et al.
[173] performed cell attachment tests utilizing mouse osteoblast-like cells MC3T3-E1 on Mg-6Zn alloys with and without PLGA coating. The coated Mg alloys possess a significantly enhanced ability for cell attachment compared to the uncoated one ( Figure 37 ). All reported implants are affected by localized corrosion leading to pitting once the protective layer breaks down. Further, the fluoride-containing coatings seem to irritate the local synovial tissue during their dissolution. Organic coatings, especially organic biopolymers, provide a viable alternative offering functionalization possibilities with organic biomolecules. Polylactic-co-glycolic acid (PLGA) demonstrates great cell adhesion and proliferation properties [13] . Li et al. [173] performed cell attachment tests utilizing mouse osteoblast-like cells MC3T3-E1 on Mg-6Zn alloys with and without PLGA coating. The coated Mg alloys possess a significantly enhanced ability for cell attachment compared to the uncoated one ( Figure 37 ). Moreover, they also reported the PLGA coating to offer protection against corrosion since it significantly reduces the degradation rate of the Mg alloy (Table 6 ). Moreover, they also reported the PLGA coating to offer protection against corrosion since it significantly reduces the degradation rate of the Mg alloy (Table 5 ). 
Conclusions and Outlook
In some biomedical applications, such as plates, screws and wires, temporary devices have continuously gained interest in the last years to render cumbersome second surgeries after bone healing unnecessary. Among all biodegradable materials, Mg has attracted great research interest as material for temporary implants since it possesses one of the best mechanical compatibilities with human bone. Its degradation products (Mg 2+ ions) are essential to the human metabolism. However, the mechanical properties of Mg are too low to make it suitable for implants and hence researchers and clinicians focus on Mg alloys, although related clinical applications are still limited due to several factors. One of the main limitations is the low corrosion resistance inducing a loss of mechanical integrity in human body fluid before bone and surrounding tissues have sufficient time to heal. Moreover, since implants are subjected to different acute loadings during their use, Mg alloys must possess adequate resistance to cracking under the simultaneous action of the corrosive human body fluid and the tensile or cyclic test, i.e., resistance to stress corrosion cracking and corrosion fatigue. Few biomedical relevant studies of corrosion assisted cracking resistance are available since almost all results were obtained studying Mg-Al alloys, not suitable for biomedical devices due to the harmful effects of Al during long term exposure. To push Mg and its alloys to clinics, we will require proper evaluation on their corrosion assisted cracking. Finally, Mg dissolution in aqueous solutions results in hydrogen evolution that has a detrimental effect on biocompatibility. If the corrosion rate is too high, the amount of hydrogen produced cannot be absorbed by the human body leading to toxic gas bubbles and ultimate implant failures. Moreover, the formation of hydroxide ions (OH − ) involved in the corrosion of Mg alloys in aqueous solutions leads to an increase in the pH of the surrounding solution, resulting in a detrimental effect on cell proliferation.
Improvements for the corrosion resistance of Mg alloys have been widely studied recently. Researchers can tune the morphology of the metal, reducing impurities or utilize alloying elements that benefit mechanical and chemical properties. Further, they can employ surface modification strategies, coating Mg alloys with a corrosion resistant yet bioactive material, favouring also bone formation (e.g., Ca-P coatings). However, few reports exist on such coatings. The most employed, Ca-P, respectively HA, has poor mechanical properties and low adhesion to the Mg alloy leading to delamination [174] .
This highlights the need for biocompatible surfaces and new coating methods in the future. The authors envision that key research will centre around the investigation of Mg and its alloys' corrosion behaviour and corrosion assisted cracking resistance coated with new biocompatible coatings such as TiO 2 , TiC and TiN [175] . Further, extensive research will centre on device production processes and their effect on corrosion resistance. Grain refinement might be such a strategy. Song and Atrens [77] showed that finer grains allow a nearly continuous distribution of second phases, leading to a corrosion delay as corrosion products remain near the Mg matrix, and act as barrier. Furthermore, fine grains improve the corrosion assisted cracking resistance inhibiting crack initiation and dislocations motion leading to an increase in the number of barriers to crack propagation [91] . Related production processes that lead to finer grains are hot deformation and rapid solidification. The authors expect that these will be investigated in detail, exploring also the property of rapid solidification processes to increase the solubility of the alloying elements.
